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ABSTRACT

An investigation has been made of the growth of short
fatigue cracks in aluminium and titanium alloys, with special

emphasis on the effects of microstructure,

For the commercial aluminum alloys examined (7010
and 2014A) a degradation in short fatigue crack resistance
accompanied an increase in the degree of ageing, as is commonly
.reported for long, through thickness cracks. The short cracks
however, were seen to propagate at substantially faster rates
than conventional, long cracks at the same apparent applied AK
and R - ratio. The similar, faceted fracture produced for both
types of crack suggests that the same propagation mechanism was
operative, despite the differences in growth rate. Discontinuous
growth was observed for microstructurally short cracks,associated
with the crack tip being held up over‘large numbers of cycles at
grain boundaries both at the surface and in the interior of the
specimen. The discontinuous nature of propagation and the
anom&lously fast growth continued until the maximum plastic zone
size ahead of the crack tip approximated to the grain size of the
material. At greater crack depths propagation rates, at
equivalent AKs, for long, through thickness cracks and short
cracks showed reasonable agreement, sma}l discrepancies being
explained in terms of the variation in cl&sure contribution for

the two types of crack.



Similar propagation characteristics were observed
for the two titanium alloys.studied (IMI 318 and IMI 550) with
substantially faster propagation for microstructurally short
cracks than for long cracks at equivalent AKs. In contrast to
long crack behaviour however, an increase in grain size resulted
in a deterioration in short crack propagation resistance. The
microstructure which was found to be the most resistant to the
growth of short cracks consisted of fine primary & and
transformed B grains with the volume fraction of each type of «
approximately equal. The grain boundaries between the two
distinct o-morphologies were seen to be particularly effective
in reducing the propagation rate. In contrast, a coarse,
aligned, Widmanstatten a-morphology exhibited the worst
resistance to short crack growth. Even though colony and prior
B grain boundaries were useful in retarding crack growth, prop-

agation across packets of Widmanstatten laths was very rapid.

Crack shape effects were considered to be important.
A study was made to assess the variation in crack shape and the
effect on crack propagation, particularly in non-equiaxed micro-
structures. Cracks with depths approximating to the grain size
were seen to vary significantly in shape, though they all
. eventually took a semi-elliptical form, with half surface length/
depth (a/c) ratios between 1.0 and 0.8, at greater crack depths.
It is suggested that a better correlating parameter for short
crack growth is crack area rather than surface crack length which
is commonly used at present, In this way, the effects of crack

N

shape can be accoqbdated.
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CHAPTER 1

INTRODUCTION

Over the past ten years much effort has been directed
towards establishing an understanding of short fatigue crack
behaviour. This, in part, has been due to the introduction of
a defect tolerant approach to component lifing in many parts of
the aerospace industry, which can highlight the problems
associated with short cracks. Using linear elastic fracture
vmechanics, fatigue life prediction is carried out by the
integration of expressions based on the Paris equation, relating
the crack growth rate (da/dN) to the stress intensity factor

range (AK), i.e.:
da/dN = C pK" U & B B

where C and m are constants obtained from laboratory tests on

standard fatique crack propagation specimens.

Recently, concern has arisen about this approach in
situations where components are operating at high stress and thus
to achieve reasonable fatigue lifes, the initial defect sizes
considered may be small in relation to the microstructural scale
of the material. Such 'microstructurally' short cracks have been
observed to propagate significantly faster, at the same apparent
AK, than conventional, long, through thickness cracks, of the
type used to determine the data on which lifing predictions are

made.
_1..



If this anomalous behaviour is not taken into account the
Paris equation integration.will lead to overestimates of fatique
life and consequently increase the likelihood of in service
component failure. It is towards these high stress, small
initial defect situations that the aerospace industry is moving
in order to reduce both component weight and cost. Thus,

particular interest is now being shown in short fatigue cracks.

Although a number of studies of short crack propagation
have been made, more information is required in certain areas.
The intention of this work has been to examine some of the effects
of microstructure,stress level and load ratio on the short crack
propagation behaviour of commercial aluminium (7010 and 2014a)
and titanium (IMI 318 and IMI 550) alloys. Both families of
alloys are extensively employed in airframe and aero-engine
construction and are thus used in applications to which the
short crack problem relates. The use of these two alloy
systems has meant that, Qia appropriate heat treatments; an
extensive range of microstructures could be generated. In the
aluminium alloys different ageing conditions have been studied,
thereby assessing the affects of slip distribution through change
in precipitate coherency. Underaged and overaged microstructures
have been obtained with similar monotonic yield strength levels,
thus eliminating one of the variables often regarded as important
in crack propagation studies. In contrast, for the commercial
titanium alloys, which are not preciptation hardenable, the size,

shape and distribution of phases has been studied.



Previous studies have highlighted the importance of grain size
effects for microstructurally short cracks, hence titanium
alloys are good candidates for this type of investigation as
the effective grain size can be changed by an order of

magnitude by heat treatments above and below the B transus.

In common with the majority of previous studies a
surface replication technique has been used to monitor the
growth of short cracks embedded in smooth specimens. Although
this is a non continuous recording method, it provides an
accurate measure of crack dimensions down to very short crack
lengths (~ 1lpym). The data recorded however, only relate to
the surface crack length and provide limited information on
growth at the mid point of the semi-elliptical crack, in the
interior of the specimen. Such data are considered important
and therefore a further aim of this study was to examine the

effects of crack shape on the propagation of short cracks.



CHAPTER 2

FATIGUE CRACK GROWTH IN

ALUMINIUM & TITANIUM ALLOYS

2.1 INTRODUCTION

Traditionally, fatigue lifeing of components has been
determined using S-N type data, where an alternating stress range
less than the fatigue limit, or at higher stress ranges, a ‘safe'
fatigue life is specified. However, as this information is
usually determined from testing small, smooth specimens, a
proportion of the fatigue life is taken up with initiation. If
features are present in a large component that reduce the
initiation time such as inherent, microstructural defects or
stress concentrators, fatigue lives may, in practice, be severely
overestimated. Consequently large safety factors need to be
employed when using such data in design. It also means that many
components reach the end of their design lives whilst still in a
satisfactory condition. Therefbrg, an approach to fatigue life
prédiction, which uses a large fraction'of the available life of
many components, whilst still maintaining safety standards, has a
strong economic appeal, particularly for aerospace applications.
Such a defect tolerant approach has more recently been introduced,
incorporating fracture mechanics theéries. In this approach,
fatique life assessment is made assuming defects just smaller than
can be detected using non-destructive inspection techniques are
present in the structure. The number of fatigue cycles for the
crack to grow from this length, to the largest permissable size
for component integrity, is calculated and suitable inspection

intervals determined in order to find any cracks before failure.
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The application of fracture mechanics concepts to
fatique crack propagation i; based on the work carried out by
Paris et al (1). They assumed that the nominal value for the
crack tip driving force (AK, stress intensity factor range)
characterising the crack tip stress and strain fields, could be
used as a correlator for fatigue crack growth. This was
expressed in an empirical formula now known as the Paris equation.

da/any = ¢ ™ . ceeea. 2.1

where da/dN is the crack propagation rate and C and m are scaling
constants determined experimentally for individual materials.
By substituting the relationship between stress intensity factor
range (AK) and the crack length (a), i.e.:

AK = Ag/ma I I
where Ao is the alternating stress range, axd integrating between
the initial, undetectable crack size and the final permissable

crack size, fatigue life prediction can be made.

More recent experimental studies have shown that
apart from some structural steels (2), where the Paris equation
adequately describes growth over a wide fange of growth rates,
the premise upon which this equation is based may lead to both
underestimates and overestimates of fatigue lines depending on
the propagation rate. This behaviour is best described by a
plot of crack growth rate VS stress intensity factor range which
can be subdivided into three distinct regions (figure 2.1).
This schematic plot, produced by Ritchie and Suresh (3)
illustrates three sections of propagation behaviour and their
corresponding mechanisms. In the central region (B) the Paris

equation adequately describes growth behaviour, which is little
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influenced by microstructure and specimen thickness. At higher
propagation rates (C) the P;ris equation underestimates crack
growth rates as growth becomes unstable and the cyclic fracture
toughness is approached. Here the influences of microstructure,
mean stress and specimen - thickness are significant. In the
third regime (A), the Paris equation leads to wderestimates of
fatigue life. Propagation rates are reduced and eventwdlly a
stress intensity factor is reached below which no further growth
is detected (threshold stress intensity factor -range, AK&Q

At these propagation rates, growth is no longer continuous along
the crack frbnt and is influenced strongly by microstructure,

mean stress and environment.

Fatigue thresholds are usually measured using specimens
containing through thickness cracks greater than about 5mm in
length. It is assumed that crack length does not affect growth
behaviour, i.e. that a similitude concept applies and cracks
propagate under identical conditions independent of length.
However, Pearson (4) has shown that short, surface cracks, less
than about lmm in length, can grow at rates greater than corres-
ponding long cracks under identical nominal driving forces.

Such observations suggest that fatigue lifeing based on conven--
tional test piece data may lead to overestimates of life where
initiation from small defects is involved. Figure 2.2 (5) shows
typical short crack growth behaviour in relation to long, through

thickness crack data, on a da/dN vs AK diagram.

There are several ways of defining short fatigue

cracks:



(1)  Microstructurally short cracks. Cracks which
are of a length comparable to the scale of

the local microstructure (usually the grain

size).

(ii) Mechanically short cracks. Cracks which are
of a length comparable to the scale of local
plasticity. This includes cracks that are
either embedded in the plastic zone of a notch
or of a length comparable to the size of their

own crack tip plasticity.

(iii)  Physically short cracks. Cracks which are

physically small typically 0.5+1.0mm .

Case (ii) represents a limitation to the linear
elastic fracture mechanics approach and a breakdown in the
similitude concept. In assuming that the controlling parameter,
AK (or AJ for EPFM), adequately describes the stress state at
the crack tip, the fracture mechanics approach also assumes that
for two cracks of different lengths growing under the same
conditions, the plastic zone sizes and stress and strain
distribution around the zones will be identical.  However,
when cracks are short, compared to the size of the local micro-
structure or plasticity, the concept of similitude is violated
and the local driving forces at the crack tip may be changed to
an extent that differences in both long and short crack growth

characteristics are observed.



2.2 LONG, THROUGH THICKNESS FATIGUE CRACK BEHAVICQUR

2.2.1 Introduction

The defect tolerant approach to fatigue life prediction
uses data from the Paris and near-threshold regimés of the da/dn
vs AK diagram (figure 2.1). The fact that changes in micro-
structure, mean-stress and environment can strongly influence near-
threshold crack propagation behaviour has recently been attributed

to the phenomenon of crack closure.

Early work on crack closure was conducted by Endo et
al (6). They suggested that the lower propagation rates observed
for cracks, in a low strength steel, growing in water compared to
in air, were due to the formation of corrosive deposits on the
crack faces in the former environment. These wedged them open
and reduced the driving forces at the crack tip. Later, Elber
(7, 8), interpreted crack closure in terms of fracture mechanics
concepts. From compliance measurementsvmade during crack
propagation in 2024-T3 aluminium sheet, under both constant and
variable amplitude loading, he proposed thét closure due to
plasticity effectively reduced crack tip driving forces. Plastic
zones generated in front of the growing crack tip produced permanent -
residual displacements in the wake of the crack once it had grown
further and passed through the plastically deformed material.
These displacements caused premature contact between opposing crack
faces during unloading, effectively closing the crack even though

a tensile stress was still applied. (Figure 2.3b).

Since propagation cannot occur when a crack is closed,
the stress intensity factor range (AK) experienced at the crack
tip has to be modified to incorporate the value of stress intensity
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at which the crack closes (Kcl) even though the lcad is non-
zero. Thus if;
AK = K - K, ceeseasaee eees 2.3
where AK is the applied value of AK and K and K . the
app max min
applied maximum and minimum stress intensity factors respectively,
the effective stress intensity factor range at the crack tip

(AKeff) can be expressed:

AKeff = Kmax - Kcl cveseccas ceee. 2.4

As the propagation rate is governed by the effective stress
intensity factor range, Elber proposed that the Paris equation
could be modified to;

m

da/an = c(ak_ )" = cWAK)™ ..ieieien.. 2.5

ff
Where U = ratio of effective to applied stress intensity factor
ranges. From further testing varying crack length, load ratio
(R = Kmin/Kmax) and stress intensity, Elber devised a lipear

expression relating U and R for the 2024-T3 alloy.

U = 0.5+ 0.4R cesescsssssces 2.6

Where =0.1<R<0.7. A good fit was found between this expression

and ready published data on the alloy (9).

Elber's testing was carried out on sheet material at intermediate
growth rates. Here, plane stress conditions prevailed, especially
at high R - ratios. More recent experimental studies have shown
that plasticity induced crack closure cannot account for all the
closure observed in the near-threshold stress intensity regime
(10) . Where, plane strain deformation conditions exist and

plastic zone sizes are much smaller.



Moreover, Newman (11) has shown that plasticity induced crack
closure, modelled for plane.strain conditions, could not account

for the marked role of load ratio on near-threshold crack growth.

At these low propagation rates, the influence of changes in
microstructure,. load ratio and environment has been attributed to
other closure mechanisms, in particular oxide-induced and roughness-

induced crack closure.

Since Endo et al (6) first illustrated the concept of
oxide-induced crack closure, the role of corrosion deposits in
influencing near-threshold fatigque crack propagation behaviour
has been examined in some detail. At low load ratios, the
presence of a moist atmosphere can promote the thickening of
corrosion products on crack faces. This can provide a mechanism
for enhanced crack closure if the oxide layers can attain a thick-
ness comparable to the crack tip opening displacement, such that
the crack can be wedged open on unloading (figure 2.3c).
0xiderthickening is a result of fretting Sxidation, whereby oxide
layers are continually broken up and new 6nes reformed on the
clean fracture surfaces, by the repeated contact of the crack
faces. This requires a combination of plasticity induced crack

closure and significant Mode II displacements.

In a review of the subject, Suresh and Ritchie (12)
noted that the formation of corrosion products and the promotion
of oxide induced closure were dependent on:

(1) a small crack tip opening displacement, comparable
in size to the thickness of oxide formation, such as occurs in
the near-threshold regime,

- 10 -



(ii) a highly oxidising medium where oxide formation

is possible even without fretting,

(iii) low load ratios, which promote plasticity
induced closure and the repeated contact between crack faces close

to the crack tip,

(iv) rough fracture surfaces, which through Mode II

displacements provide contact between crack faces, and

(v) lower strength materials where plasticity
induced closure mechanisms are dominant and where considerable

fretting damage can occur due to the soft matrix material.

The behaviour of low strength steels in inert and
moist atmospheres can highlight the effect of these particular
influencing parameters. (13-15). At low load ratios, threshold
stress intensity values appeared to be higher in moist air than
in inert, dry hydrogen or dry helium environments. However,
at higher R - ratios, such differences disappeared. Figure 2.4
shows typical results for a 2.5%Cr - 1% Mo steel in terms of da/
dN vs AK diagram (13). Auger Spectroscopy analysis of the
corrosion products on the near-threshold fracture surfaces in
this study, revealed that oxide thicknesses were much greater
(typically 20 times) than for any other atmosphere/load ratio
combination studied. It was concluded that the enhanced oxide
formation shielded the crack tip from experiencing the whole
range of the applied stress intensity, thereby promoting
higher value of measured threshold. By operating the tests at
high R - ratio or in dry atmospheres, oxide formation at, or close
to,the crack tip was severely reduced and lower threshold stress

intensities resulted.
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A number of studies (14-18) have also shown that
strength level can influence'the amount of oxide formation and
thus near-threshold behaviour. Ultra high strength steels
(oy > 1000 MPa) (17, 18) were shown to have a lower resistance
to crack propagation than low strength steels (13-16), due to
harder substrate reducing abrasion of oxide debris and to less
plasticity induced closure. However, differences in propagation
behaviour are further ex%%erated as high strength steels are

more susceptable to hydrogen embrittlement (19).

The effect of environment on the crack propagation
behaviour of aluminium alloys is inherently more complex than that
of steels. Whereas for steels it is generally observed that an
increase in strength is accompanied by a reduction in the con-
tribution of oxide induced crack closure to the overall fatigue

behaviour, the same cannot be said for aluminium alloys. Factors
such as alloy processing, composition and microstructure need to be

considered in relation to environmental conditions.

Vasudévan and Suresh (20) invéstigated the effect of
environment on the near-threshold behaviour of a 7075-T7 alloy.
Considerably enhanced near-threshold propagation rates were
associated with growth in moist air, compared to those in a vacuum
environment. Although principaily attributed to the embrittling
effect of hydrogen in the mdist air, significant excess corrosion
debris found near the crack tip, was thought to have contributed
to crack arrest. Oxide thicknesses were comparable to the
maximum crack tip opening displacement (CTOD) at threshold

( 0.1pm). The authors concluded that crack growth for this alloy
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was accompanied by two mutually competitive mechanistic processes
which had opposite effects og near-threshold growth. The
formation of excess corrosion debris tended to slow crack growth,
while at the same time hydrogen embrittlement considerably enhanced

propagation.

Vasudévan and Suresh (20,21) also made comparisons
between the near-threshold behaviour of overaged (T7)r peakaged
and underaged microstructures of the 7075 alloy. Estimations
of oxide thickness on crack faces were made using secondary ion:
mass spectometry and scanning Auger Spectroscopy. While oxide
thicknesses comparable to the CTOD were generated for the overaged
material, very little oxide formation was associated with the other
two ageing conditions. In fact, for the latter microstructures
oxide thicknesses were approximafely equal to thicknesses of
naturally formed oxide deposits on freshly polished surfaces
(~0.01pm) and were insignificant in comparison to the scale of
crack tip opening displacement. Although this would suggest that
a greater contribution to closure through oxide formation would be
expectéd for the overaged material, the authors noted that greater
fatigue crack propagation resistance was associated with the under-
aged, and to a lesser extent the peak aged, microstructures. In
addition, hydrbgen embrittlement of aluminium alloys in general
becomes less pronounced with increasing ageing (22,23) and there-~
fore would be expected to enhance propagation of the underaged
alloy. vasudévan and Suresh (20, 21) concluded that other factors,
namely roughness-induced closure and slip revers}bility, influenced
near-threshold@ growth and combined to reduce propagation resg%ance
with increased ageing. It was also noted that although the
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overaged material was less prone to hydrogen embrittlement,

cathodic hydrogen production.at the same time as oxide formation
at the crack tip may have been a significant source of embrittle-
ment,which would have been absent in the peak aged and underaged

materials.

The beneficial effect of eliminating embrittling and
corroding atmospheres by operating fatigue tests in vacuum,. had
been noted as early as 1932. Gough & Sopwith (24) reported that
for a wide range of non-ferrous metals, fatigue lives were extended
significantly in vacuum compared to air. Similar effects have
been noted more recently for 7075 and 7475 (21, 23). Figure 2.5
shows some results of Suresh et al (2.1) for 7075. At low load
ratios, the increase in threshold stress intensity factor range
with operating the tests in vacuum for each ageing condition, was
attributed to the absence of environmental embrittlement. Carter
et al (23) experimenting with the 7475 alloy, thought that
additional benefits also arose from.the rewelding of clean metal
surfaces and from allowing easier slip'reversibility as modelled

by Pelloux (25).

At higher R - ratios, a reduction in AK,., for all
ageing conditions, -in moist air was attributed partly to the
absence of oxide induced closure effects, (figure 2.5). However,

similar reductions in Axt in tests operated in vacuum were not

h
observed. Suresh et al (21) concluded that this was caused by

a combination of the absence of hydrogen embrittlement in the
vacuum atmosphere and more prominent crack tip deflection in this

environment, which enhanced propagation resistance through both

crack closure and deflection mechanisms.
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Finally, the effect of changing test frequency on
crack growth has also been étudied (26, 27). Vasudévan and
Bretz (26) showed that for a 7075-T7351 alloy, an increase
in frequency from 25 to 200 Hz produced substantially more oxide
build up near the crack tip and a corresponding increasé in
propagation resistance. Oxide layers were enlarged by 50% to
0.15 pym when the frequency was increased. At the higher
frequency it was proposed that fretting was induced at an equal
rate to oxide formation, producing the thicker oxide film and
hence making a greater contribution to propagation resistance

through oxide induced crack closure.

Studies into the effect of environment on the fatigue
properties of titanium alloys have been wide and varying (28-37),
Irving and Beevers (28) for example, have compared the fatigue
behaviour of Ti-6A1-4V in various heat treated conditions in
both air and vacuum environments. Figure 2.6 reports their
data for an ap and transformed 8 microstructure which was
typical of all the microstructural conditions studied and shows
a considerable enhancement in propagation resistance in the
vacuum atmosphere. This behaviour was explained (28, 30) in
terms of a Kmax controlled, structure sensitive, facet :linkage
growth mechanism which promoted faster growth in air at low stress
intensities, but which was absent in vacuum. Further, discon-
tinuous growth continued in vacuum at propagation
rates < 10.8 mm/cycle. On ffactographic examination this
was found to have occured in a structure senstive mode, similar
to growth in air, and was ascribed to weak environmental
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interactions with the crack tip. No indication of the nature

of these interactions in either environment was given.

Recent studies (33, 34) have highlighted the importance
of embrittling mechanisms at the crack tip in titanium alloys,
due to the presence of hydrogen in air. Similar behaviour to
that observed by Beevers (28, 30) shown in figure 2.6, was thought
to be due to the formation of hydrides at the crack tip in air
which impeded the reversibility of slip and reduced the local
fracture stresses ahead of the crack tip (33). The hydrogen
induced reduction in basal plane fracture stress (34) in
Ti-6A1-4V fatiqued in air, as compared to in vacuum, resulted in
an increase in cleavage-like fracture of the o phase, a decrease
in secondary cracking and in less crack tip deviation, all of
which augmented propagation rates. Moody and Gerberich (35, 36),
working with a Ti-6A1-6V-2 Sn alloy, reported that hydride pre-
cipitation from the internal hydrogen concentration was responsible
for the cleavage of o grains during slow fatigue crack growth.
At threshold, the fracture surface was reported to consist of
cleavage through the o phase separated by ductile rupture of
B ligaments. As cleavage of whole grains is unlikely in
fatigue, it is possible that fracture through the o phase
actually occurred in a fatique facet, 'cleavage-like', mode

in this case.

In hydrogen environments, the hydride habit plane has
been reported to be close to (lOfO) (37). In air environments,
however, Meyn (38) observed fast, substained load fracture on
(0001) planes or on planes ~15° from (0001) in a Ti-8Al-1Mo-1lV
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was the prominent fracture mechanism. Later, however, Paton

and Spurling (39) demonstrated that when hydrogen concentrations
were low, such as in air or conversely from internal concentrations,
the most common hydride habit planes were (0001) and (10i7) which
are ~15° from (0001). Hence it is possible that the rate of
fatigue fracture of titanium alloys in air can be enhanced by the
hydrogen embrittlement mechanisms, causing cleavage-like fracture

close to the basal planes, as reported by Gray & Lﬁtjering (34).

The observations and arguments presented in this
section suggest that the role of a specific environment on the
fatigue properties of a specific microstructure, will be comprised
of contributions from crack advance mechanisms, such as hydrogen
embrittlement, coupled with the retarding influence of closure
phenomena. A detailed understanding of the resulting behaviour
will be further complicated by considerations of other extrinsic
and intrinsic material characteristics. These will be discussed

in detail in the following sections.

Substantial closure can result through uneven, irregular
fracture surfaces generated at the crack tip. If during the
unloading portion of a fatigue cycle, the fracture surfaces can
make contact at discrete points behind the crack tip before the
minimum load is reached, premature crack arrest can occur through
a reduction in the effective stress intensity factor range.

Figure 2.3d schematically depicts this type of closure termed

roughness induced closure.
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To understand why roughness induced crack closure is
more prominent in the near-threshold regime, the
crack path has to be analysed. At intermediate growth rates,
in the Paris regime, crack advance in many materials often occurs
by a striation mechanism termed Stage II growth by Forsyth (40).
Ductile striations are formed at the crack tip as a result of
concurrent or alternating crack tip shear on two or more operative
slip systems. A relative smooth fracture surface results,
macroscopically perpendicular to the applied stress axis, and
Mode I displacements predominate (3). At lower growth rates,
the scale of plasticity ahead of the crack tip is of a comparable
dimension to the grain size of the material. Here, growth often
occurs in only one shear direction, along one primary slip band.
Designated Stage I growth by Forsyth (40), propagation under
mixed Mode I and Mode II displacements results and a rougher
fracture path is produced. For an ideally elastic crack such
displacements would not lead to the dévelopment of roughness
induced closure, as crack faces would fit together perfectly on
unloading. However, as fatigue cracks growing at near-threshold
growth rates involve assymetrical plastic deformation, a slight
mismatch between opposing crack faces occurs, which can lead to
fracture surface contact at loads above the minimum applied load

and the premature arrest of the crack.

The transition from Stage II to Stage I type growth
as propagation rates were reduced, was shown by the work on steels
by Otsuka et al (41). Later Minakawa and McEvily (42) interpreted
their data in terms of roughness induced closure using a simple
model based on the differences between pure Mode I and mixed Mocle T

Mode II opening (figure 2.7).
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The combination of a planar fracture surface and only Mode I
opening (figure 2.7a) lead.to a perfect match between crack

faces at the end of every cycle. However, due to a more

serrated fracture surface, coupled with Mode II displacements,
surface mismatch was shown to occur, leading to crack face contact

during unloading (figure 2.7b).

Direct evidence that fracture surface contact at
discrete points behind the crack tip contributed to closure was
given by Walker and Beevers (43) working on pure titanium.

From crack tip opening displacement measurements and by studying
replicas of the sides of their SEN specimens in the region of
the crack tip, they found that the effective stress intensity
calculated by Elber's technique (7, 8) for plasticity induced
closure could not account for all the closure that they observed.
They concluded that due to a small amount of in plane shear on
unloading, fracture surface contact tended to wedge the crack
open and prevent the stress intensity falling to the applied
minimum load. They went on to show that the crack propagation
rate could be better described by the tefm AOQ, the change in
angle subtended by the crack faces. When no closure was

apparent AD was directly proportional to A K.

The first quantitative model for roughness induced
crack closure, derived by Purushothaman and Tien (44), did not
consider any Mode II displacement. By equating the asperity
height to values of crack tip opening displacement, values of
the closure stress intensity could be calculated. The asperity

height was simply defined as a(h-h,) where h and hy were the
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dimensions of the final and initial fracture surface roughness

féspectively and a was a constant of less than unity.

Suresh and Ritchie (45) later devised a model to
account for the combination of Mode I and Mode II displacements
characteristic of near-threshold crack growth. They idealised
fracture surface roughness in terms of triangular cross-
sectioned asperities of height h and assumed that cracks unloaded
with a combination of Mode I displacement (uI) and Mode II
displacement (uII) where uII = XuI (X = fraction of Mode 1I

displacement). An expression relating the closure and maximum

stress intensities was formulated:

cl 20X ceccnceesscaes 2.7
K [1+2aX1

where o was a non dimensional fracture surface roughness factor
equal to h/dw (&8 = grain size of material and w = length of the
base of the asperity). Hence the magnitude of closure was
dependent on the extent of fracture surface roughness and the
proportion of Mode IT displacement. The authors showed that
even with low values of fracture surface roughness up to 35%
reduction in effective stress intensity could arise if Mode II

displacements equalled only 30% of the Mode I displacement.

A more recent model proposed by Beevers et al (46)
tried to account for the distance of an asperity from the crack
tip on the closure contribution. The stress intensity above
which the crack could be assumed to be fully open (Kop) was
given as:

K = LG 21y &

op ZTI-v) < ceescssascsens 2.8
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Where L = aspe{ity height, G = shear modulus,
» = Poisson's ratio and C = distance of the asperity from
the crack tip. Beevers and al argued that as L & C were
proportional to the grain size of the material if transgranular
failure occurred, the stress intensity at which the crack
became fully open was proportional to the square root of the

3

grain size, (i.e. Kop ad”). However, King and co-workers
(47, 48) working on fine and coarse grained éEEEglg_y have shown
considerable difference between experimental data and values

predicted by this model.

Both the Beevers model and the one proposed by Suresh
and Ritchie include terms connected with the microstructual
dimensions of the material. Changes in grain size, for example,
may significantly affect the amount of roughness induced closure
and therefore near-threshold propagation behaviour. Effects
of changing microstructural features are considered in the

following section.

The location of roughness induced closure in relation
to the crack tip has recently been examined (49, 53). Duggan
(49, 50) found for Waspaloy that a hole drilled through the
thickness of a CT type specimen close to the crack tip at
threshold, so removing the wake of the crack, resulted in no
change in closure. In fact an increase in stress intensity
was required for further propagation to occur. In complete
contrast, studies by Minakawa et al (51) and by Zaiken & Ritchie
(52, 53) have both found that on removing the wake behind the
crack tip in 7xxx series aluminium alloys, the closure contribution

was steadily reduced.
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The largest closure contribution was found to occur within lmm

of the crack tip. In the latter studies (52, 53) approximately
50% of closure was thought to occur within 0.5 mm of the crack
tip (figure 2.8). The relationship shown in figure 2.8 has some
similarities to the model formulated by Beevers et al (46). The
model proposed that the stress intensity at' which the crack could
be assumed to be fully open (Kop) was related to the distance of
the asperity behind the crack tip (C) by the expression Kop ac-i.
Hence a proportionally high degree of closure would be found close
to..the crack tip which diminishes as the distancebetween the crack
tip and the asperity causing closure increases. Although
exhibiting similar features to Zaiken and Ritchie's work (52, 53)
the Beever's model predicts that virtually all the closure occurs
very close to the crack tip. Zzaiken and Ritchie's work suggests,
however, that a significant closure contribution still exists at
an appreciable distance behind the crack tip, thereby restricting

the universal applicability of the model.

2.2.4.1 Grain size

Numerous studies have shown that changes in grain size
can markedly affect near-threshold growth behaviour. In particular
an enhancement in propagation resistance accompanies an increase
in microstructural unit size. This type of behaviour has been
noted in a wide range of materials, for instance, in steels (54-62),
titanium alloys (28, 32, 63-68), nickel base superalloys (47) and
aluminium alloys (23, 69-72) and in general has been attributed to
an increased contribution from closure mechanisms and a reduction

in driving forces through crack deflection processes.
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A good example of this influence of grain size was
shown by Gray et al (55, 55; 56) working with a fully pearlitic
steel. At a low R - ratio an increase in prior austenite grain
size, and to a lesser extent the pearlite interlamellar spacing,
produced significant improvements in propagation resistance and
higher threshold stress intensity factor ranges. The fact that
at higher R - ratios growth characteristics for different grain
sizes and interlammellar spacings were very much alike, was taken
as evidence that the more irregular fracture surfaces generated
by the coarser grained materials promoted additional closure,

specifically roughness and oxide induced.

Differences in crack path for coarse grained and
fined grained materials were considered by Masounave and Bailon
(60, 61).  They proposed that a longer overall crack length
would result for the coarse grained material and propagation
rates would therefore be lower at a specific stress intensity
factor. Figure 2.9 schematically shows their argument.
Although the length AB = A'B', the crack path ACDEFB would be
longer than A'C'D'E'F'G'H'B' and under the same driving force
the propagation rate perpendicular to the applied stress would

be lower.

The greater angle of crack tip deflection at grain
boundaries for coarser grained materials not only leads to a
rougher fracture surface and to a longer overall crack length,
but can also significantly reduce crack tip driving forces.
Suresh (73, 74) has recently tried to quantitatively model such
behaviour. He developed a model for a single kinked crack by
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Bilby et al (75), to describe the behaviour of a double kinked
crack, firstly under purely elastic loading conditions and then
under similar loading but with a fracture surface mismatch
producing premature asperity contact. Figure 2.10 shows the
profile of idealised crack studied in each case. The crack was
assumed to be tilted by an angle O, over a distance D before
growth again occurred perpendicular to the stress axis for a
distance S. The deflection was repeated, though reversed, in
adjoining segments. The extent of deflection could be described
by the ratio (E‘%‘E), It was assumed that the effects of prior
deflections in crack path became negligible, as the crack grew
along the segment S and that the effective driving force in each
segmén£ could be described by the weightéd average of the
effective stress intensity values for the‘deflected span D and
the straight span S.

From the previous model by Bilby et al (75), Suresh
proposed that the average stress intensity factor range for each
span (ZEI) could be defined by:

KEI = AKI [Dcos? (9/2) + S] ceeesscssnssncs 2.9
(D + 8)

where AKI was the applied stress intensity factor range.

In a similar geometric mannexy the crack propagation

rate of the deflected crack (da/dN) could be described in terms
of the growth rate of an undeflected crack (da/dN) growing under

the same value of Ke i.e:

£f£’

35 - f{(Dcos B) + s
da/dN D +S i da/gqq seeeerereeneses 2.10
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Suresh (73) illustrated the model for a crack deflected
by 60° with D/D + S = 0.5. He proposed that the deflected crack
had an apparent driving force 1.14 times greater than an unde-
flected crack, at equal growth rates, and propagated at =~25%
slower rate in a direction perpendicular to the stress axis, at

equal values of effective stress intensity factor range.

In a later paper (74) Suresh further developed the
model to account for closure contributions due to fracture surface
contact. In a similar fashion to that used previously by Suresh
and Ritchie (45), the ratio (%) of in-plane displacement (UII)
to normal displacement (UI) was used, where X = UII/ An
expression was derived comparing the reductions in driving forces

due to the tilted nature of the crack and due to the fracture

surface contact, such that;

bk, = (Dcos? (0/2) + s;'l 21 -{XtanO 1*2'1 ..o 2011

— D+ 8 1 + X tan0®
A
Kegs

As the expressions on the right hand side of the
equation will always be greater than unity for a deflected crack,
the nominal stress intensity factor (AKI) to propagate a deflected
crack will be greater than for an undeflected crack at the same
growth rate. Suresh demonstrated that for a fairly realistic

D/

crack with @ = 45° and D+4S = 0.25, even a 25% mismatch would

lead to an increase of approximately 80% in the apparent stress

intensity factor range compared to a linear crack.
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In addition to their observations on crack path in
coarse and fine grained materials, Masounave and Bailon (60)
derived a relationship between the threshold stress intensity
factor range (AKth) and the grain éize (d) of the ferritic steel
under examination. The relationship took an analogous form to
that of the Hall-Petch equation, i.e.:

3
= A
ARy K, + K. 4 B I

where AKO and Kf were material constants. By combining equation
2.12 with the Hall-Petch equation, a relationship was established
between the yield strength (oy) and AKth:

= -1
AKth AKO + Kf KY (GY 00) ceesesseansoss 2.13

where Ko, Kf, Ky and oo were all material constants. Masounave
and Bailon concluded that there was a trade off between good
fatigue crack propagation resistance and strength. The increase
in propagation resistance with increasing grain size however, was
attributed wholely to grain size effects and not to any decrease

in yield strength of the material. Furthermore, the applicability
of equation 2.13 to other materials will be limited to those

simple alloys, like ferritic steels, which behave according to

the Hall-Petch equation. The simple relationship proposed in
equation 2.12 has some similarity to the characteristics of the
Beevers crack closure model discussed previously (46) (equation
2.8). In this model it was proposed that the stress intensity
above which a crack was assumed to be fully‘open (KOP) was
proportional to the square root of the grain size, Hence AKt

H

would also be proportional to 4° as Kop o AKt

h

h*
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Although the méjority of experimental evidence is
in agreement with the principles of these models, a number of
studies have suggested that an increase in grain size does not
automatically lead to greater propagation resistance (62, 76, 77).
Carlson and Ritchie (76, 77) for example, used a very high
strength steel with different prior austenite grain sizes,
ranging from 30 pm to 180 pm. The yield strengths of all the
microstructures studied were almost identical to each other.
They reported a very similar fatigue behaviour for all micro-

structures, with a small increase in AKt with decreasing prior

h
austenite grain size. Carlson and Ritchie argued that in
addition to the effect of grain size, any effects due to a
change in the yield strength have to be considered, which may

alter fatigue behaviour through a change in flow properties,

crack closure stresses or possibly environmental influences.

Due to the allotropic transformation at’ the Btransus
temperéture, alloys based on titanium provide good systems in
which to show the effects of grain size on long, through thickness
crack propagation behaviour. Typical grain sizes can increase by
an order of magnitude across the a+*8 transformation, with the
microstructural unit size changing from the primary a(ap) or
transformed B grain size to the prior B grain or colony size.

A number of studies (34, 63, 65-68, 78-81) have highlighted the
substantial improvements in crack propagation resistance of B8
processed alloys compared to a+B processed. The fact that at

high R - ratios the beneficial effects of the Widmanstatten
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microstructructure all but disappear (63), is an indication of the
importance of closure mechanisms in a manner similar to those
described previously for steels. Yoder et al (66) have reported
however, that for a range of a+f and B processed Ti-8Al-1Mo-1lV
structures, the coarse, transformed 8, Widmanstatten micro-
structures still exhibited slightly improved crack propagation
resistance at an R - ratio of 0.7 compared to the finer, equiaxed
o/transformed B morphologies. They concluded that although
changes in grain size could markedly influence the near threshold
growth behaviour, other intrinsic material properties should be
considered as well. Gray and Lutjering (34) have considered
that not only do B heat treated microstructures have larger grain
sizes so leading toamore tortuous crack path, but also their
tendency for secondary cracking or crack branching to occur
further enhances propagation resistance through the generation

of additional crack surface area. This latter effect would
still be apparent at closure free R - ratios and so may help to

explain some of the results reported by Yoder et al (66).

It has been observed by Eylon and Bania (82) that
propagation through both equiaxed a/transformed B and aligned
Widmanstdtten microstructures in Ti-11 (Ti-6Al-2Sn-1.5Zr-1Mo-
0.4Bi) can occur at corresponding rates under certain conditions.
Peters et al (79) have extended this view slightly further by
developing a semi-quantitative model which accounts for the
effects of crack closure, crack tip deflection and crack surface
area, It showed that when all these factors were considered,

the data on a da/dN vs AK diagram for a+f and B processed
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Ti-6A1-4V microstructures lay close to each other between stress
intensity factor ranges of 3 to 9 Mpa/ﬁ. Their qualitative view

did not, however, include the effects of factors such as secondary

cracking, slip reversibility, strength and textural effects.

Changes in the heat treatment process of B-annealed
microstructures, such as temperature, time at temperatures and
cooling rate, have also been seen to affect near threshold growth
behaviour. For example, Hicks.et al (68) have shown for the
near o alloy IMI685 (Ti-6A1-52r-0.5Mo~0.3Si) that an improvement in
propagation resistance, accompanied an increase in prior 8 grain
size and transformed Bcolony size. At higher R - ratios the
effects were again diminished. From crack opening stress
intensity measurements the authors concluded that ah increase
in microstructural unit size promoted crack path tortuosity and
therefore crack closure mechanisms. Yoder et al have reported
similar behaviour on increasing the packet size in B processed
Ti-6A1-4V (83) and on increasing the colony and prior 8 grain

size by increasing the oxygen content in a similar alloy (84).

The analysis of propagation behaviour based on colony
size in B processed alloys can sometimes be misleading. As Eylon
(85) has shown, cracks can propagate from one colony to another
without deviation. He concludes that this is due to the inter-
relationship between the: crystallographic orientations of trans-
formed a platelets within a prior B grain, through one of the

12 variants of the Burger's relation:

(110)B / (OOOl)a

<111>, / <11'Eo>a

B
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This can have the effect of increasing the effective
grain size and therefore promoting greater propagation resistance.
In an earlier paper (82), Eylon reported the opposite effect of
colony size. For a Ti-11 (Ti-6Al-2Sn-1.5Zr-1Mo-0.4Bi), B processed
microstructure he observed a beneficial effect on propagation
resistance by decreasing the grain size, which was attributed to
the crack tip arresting effect of the colony boundaries. However,
his experiments were carried out on thin specimens. (of the
order of the prior B grain size) and the cracks studied were
relatively short (again of the order of the prior B8 grain size)
(86) . Hence the manner of propagation was not analogous to
long, through thickness crack, near-threshold behaviour, but
rather more akin to short crack behaviour which will be con-

sidered in more detail in section 2.4.

A further mechanism to explain the beneficial effect
of a coarse grain size on propagation resistance has been pro-
posed by Robinson and Beevers (32). Studies on o titanium at

low R ratios showed the near-threshold fatigue fracture surfaces
to cénsist of two distinct regions, namely faceted fracture and
"torn" fracture. The crack path was interpreted in terms of a
two stage fracture mechanism model, whereby favourably orientated
grains would fracture through a AK controlled faceted fracture
mechanism. Other grains, unfavourably orientated, would be by-
passed and would restrain propagation uptil fractured in a tensile
manner. An increase in grain size, it was proposed, would lead
to greater restraint on propagation as larger ligaments would

remain unbroken. Such a model relies on the effectiveness of
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the relative misorientations of grains to resist fatigue fracture.
More recent understanding has shown that although relative grain
misorientations can effectively stop a propagating crack tip, the
effect would not be great enough to leave whole grains unfractured

behind the crack front.

2.2.4.1.2 Aluminium Alloys

Grain size effects on the near-threshold fatigue crack
propagation resistance of aluminium alloys has also been studied
in some detail (e.g. 23, 26, 69-72, 87, 88). For example,

_Asaro et al (69) have shown that the beneficial effects of coarser
grained microstructures en fatigue crack growth resistance is
associated with a greater closure contribution at low growth rates.
Crack closure measurements on a 2048 aluminium alloy subjected to
a constant Kmax' revealed a transition from a region of high
closure to one of low closure as the crack length increased.

By varying the grain size of the alloy, it was demonstrated that
this transition occurred when the maximum plastic zone size ahead
of the crack tip approximately equalled the grain size of the

material.

Earlier work by Lindigkeit et al (70, 71) also demon-
strated the improvement in near-threshold crack growth resistance
with coarsening grain structure. Their work on a laboratory
produced 7075 alloy and Ti-8.6Al1, fatiqued in vacuum and in a
3.5% Na Cl solution, was interpreted to indicate that the amount
of reversible slip of dislocations per cycle close to the crack
tip was important. Slower propagation rates for cbarser grained

materials were ascribed to the greater number of dislocations
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able to move back along origional slip planes during unloading

and therefore not contributing to crack advance. It was arqued
that in finer grained structures, more grain boundary/dislocation
interactions would occur during the loading portion of the fatigue
cycle, inducing greater cross slip. This is shown schematically
in figure 2.11. These dislocations would not be available for
reverse slip on their origional slip planes during unloading and
enhanced crack propagation rates would result. The effect of
slip distribution will be more extensively reviewed in section

2.2.4.2.

These observations, plus those of Carter et al (23)
and Bretz and co workers (26, 87, 88), indicate that grain size
effects affect propagation resistance basically through two
mechanisms. Firstly by extrinsic resistance, such as crack
closure, which is greater for coarse grained materials through
rougher fracture surfaces and increased crack tip deflection.

As Bretz and co workers (26, 87, 88) have shown, these effects
significantly enhance propagation resistance of coarse. grained
materials at low R ratio and are virtually absent at high R ratios.
Secondly, beneficial influences on prog?ation resistance can also
result through inherent materiai characteristics, such as slip
distribgtion. These inherent material properties are still
operative at high R ratios, where contributions from crack ci%oure
mechanismgsare absent, and help to account for differences in
propagation behaviour between coarse and fine grained micro-

structures during closure free growth.
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Davidson & Lankford (89) have recently suggested that
dispersoid mean free path is the important microstructural element
in fatigue crack growth, rather than grain size. From direct
observation of near-threshold propagation in an SEM of two 7XXX
series alloys (7075-T651) and the powder metallurgy alloy, 7091-
T7E69), they concluded that slip line length was controlled by
dispersoid size and volume fraction. Both alloys exhibited
similar propagation behaviour and threshold stress intensity factor
ranges despite having grain sizes which differed by over an order
of magnitude. As the slip line lengths between dispersoids were

comparable for the two alloys, this was thought to be the

controlling influence over propagation behaviour.

The degree of ageing and therefore the type and size
of second phase precipitation, is an important parameter in
influé&ing near-threshold fatigue crackvgrowth. In general a
worsening of crack propagation resistance accompanies increased
ageing where slip is. more homogeneously distributed.
A good example of this type of behaviour comes from the recent
work by Zaiken and Ritchie (90, 91), who studied the near-threshold
behaviour of under-peak and over-aged 7150. Figure
2.12 shows their results on a da/dN vs AK plot. At both
R = 0.1 and 0.75 there was a definite trend of decreasing threshold
stress intensity factor range with increasing ageing, though the
differencés. between the various microstructures were somewhat
diminished at the higher, closure free load ratio. This suggested

that intrinsic material factors were responsible for the behaviour.
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Some years earlier, Hornbogen and Zum Gahr (92) had
presented a model to account for such observations. They
proposed that at low growth rates the inhomogeneous, trans-
crystalline slip associated with underaged microstructures
severely retarded crack growth, compared to more aged structures
that deformed homogeneously. Working with an age-hardenable
Fe-36Ni-12A1-0.02C alloy, Hornbogen and Zum Gahr produced
different microstructures, through heat treatment. Two coﬁtained
predominantly Y' precipitates (Ni, Al) which were coherent with
the matrix and the third contained much coarser Y' precipitates
as well as incoherent, bcc &' (Fe, Al). Fatigue testing down
to 10._6 mm/cycle produced similar trends to those observed by

Zaiken and Ritchie (90, 91), figure 2.12.

Hornbogen and Zum Gahr's model was based upon the
number of dislocations able to reverse, during the unloading
portion of the fatigue cycle, along the same slip plane that they
moved away from the crack tip during loading. In quantﬂ%tive
terms, the crack growth rate (daydN) was equal to the difference
in this number multiplied by the Burger's vector (b), i.e.:

da/g. = (Nj -No)b Cetereneeeaess 2.14

where NO and NR were the number of dislocations
moving away from and back towards the crack tip during a fatigue
cycle respectively. For the more underaged microstructures, which
contained the coherent Y' preceipitates, slip was assumed to occur
only on a few parallel slip planes within a particular grain.
Due to the heﬁ}ogeneous nature of deformation only a few dis-

locations were removed from the slip system by cross slip and
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the proportion able to move.back along the same slip plane

during unloading (i.e. NR/No) was high., The result was little
overall crack tip damage per cycle. However, for the overaged
microstructure, the coarse, incoherent precipitates promoted

easy cross-slip out of the original slip plane and as the number
of slip systems was much larger than for the previous case, fewer
dislocations were able to reverse, on unloading, to the crack
tip. Therefore, a larger proportion of dislocations contributed

to crack growth, enhancing propagation rates.

The fact that these differences were more pronounced
at low growth rates was explained in terms of dislocation/grain
boundary interactions. The reverse plastic zone size at near-
threshold propagation rates was generally smaller than the grain
size and dislocation: grain boundary interactions were infrequent.
But at higher propagation rates where these interactions were
more numerous, .slip could be activiated in neighbouring grains,
so reducing the number of dislocations able to reverse during
unloading. Thus, even for heﬁ%dgenously deforming microstructures,
the strain became more homogeneous and propagation rates for all
ageing conditions were similar at the same value of stress

intensity factor range.

More recent work supporting Hornbogen and Zum Gahr's
model has come mainly from studies on high strength aluminium
alloys (13, 20, 21, 23, 64, 91, 93-98). In certain studies
(20, 21, 23, 90, 91) changes in slip characteristics caused
changes in fracture mode.. For example, Suresh et al (21)
reported for a 7075 alloy, that transgranular, crystallographic
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growth was associated with an underaged temper, while a much
flatter crack path was produced in an overaged microstructure.
Hence greater crack tip deflection and enhanced crack closure
would result for the underaged condition. These observations
were in keeping with the Hornbogen and Zum Gahr model, as the
heé}ogeneous deformation of an underaged structure would produce
a rough, crystallographic crack path. For the homogeneously
deformable, overaged microstructure, where many slip systems
were available and cross-slip relatively easy, a smoother
fracture surface results due to the larger number of finer slip

steps.

Further evidence that underaged microstructures are
more effective in retarding crack advance in the near-threshold
region at low load rates was provided by Zaiken and Ritchie (91)
working with a 7150 alloy. After producing cracks in compact
tension (CT) specimens growing at near-threshold propagation
rates in ' undeér-peak and over-aged tempers and.R = 0.1, a single
compressive overload of magnitude five times the tensile peak
load was applied. Further cycling at the previous threshold
stress intensities produced an immediate reinitiation of growth,
which in all cases progressively decelerated until rearrest
occurred. Deceleration and rearrest occurred after far less
crack extension for the underaged temper, which was interpreted
in terms of the more efficient redevelopment of roughness induced
closure. Planar slip in the underaged microstructure produced
more pronounced fracture surface asperities after the overload,
which had effectively flattened all previous surface roughness.
Hence crack reérrest took place much sooner.

- 36 -



Lindigeit et al.(94) reported similar behaviour to
the work of Hornbogen and Zum Gahr for a high purity 7075 alloy
fatigued in vacuum and R = 0O.1. At low growth rates greater
propagation resistance was reported for less heavily aged
structures. However, for three underaged microstructures aged
at 100°C for 0.5,10 and 100 hours, they thought the Hornbogen
and Zum Gahr model was invalid. Even though the fatigue crack
propagation resistance decreased with increasing ageing, the
0.5 hour aged materval showed the most homogeneous slip
distribution. This was indicated by the high tensile ductility
and from fine slip steps on the fracture surface. However, no
microstructural evidence from TEM observations were presented.
Lindigeit et al (94) postulated that if this temper had the
most homogeneous slip of the three, then according to Hornbogen
and Zum Gahr's model it should have shown the least resistance
té propagation. The anomaly was explained in terms of the
difference in ductility of the tempers rather than using slip

reversibility concepts.

Copper, added to most age hardenable alloys to
increase strength, is also added to the 7XXX series alloys to
.improve stress corrosion cracking resistance. Theveffect of
copper content on near-threshold crack growth is therefore of
some importance, as has been revealed by Lin and Starke (99-101)

and Vasud8van and Bretz (26).
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Lin and Starke, in altering ghe copper content in a 7XXX series
alloy with nominal composition Al-6Zn-2Mg-XCu, found that copper
rich alloys tended to deform more homogeneously, due to an
increased volume fraction of strengthening precipitates and

number of semi-coherent and incoherent precipitates. An increase
in copper content in peak-aged microstructures (T651) (99, 100),
lead to a reduction in propagation resistance as slip behaviour
changed from one of precipitation shearing and strain localisation
in the copper lean alloys, to one of precipitate by-passing in

the copper rich alloys., Propagation rates down to only 10~
mm/cycle were studied, however, discernable differences in
bghaviour would be expected to be apparent at near-threshold
growth rates. In a later study Lin and Starke (101) reported
near-threshold behaviour for similar alloys in the T7351 condition.
Little or no difference in propagation rates were observed for all
the various alloys (copper content 0.01%+2.1%). This was
explained by the fact that in the more overaged condition, the
strengthening precipitates were mostly semi-coherent or incoherent
anyway. Any deformation was therefore homogeneous, independent

or copper content,

Recent developments in improving the mechanical
properties of high strength aluminium alloys have been concerned
with reducing impurity concentrations and grain refining. The
former,by using high purity aluminium charge and the latter, by
the addition of chromium or zirconium which precipitate as small,

intermetallic dispersoids.
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The effect that this latter operation has on near threshold
crack growth has been studied by Zedalis et al (102). They
compared two high purity 7XXX series alloys (7475-T6) and
(7075-T6) . The 7475-T6 alloy contained chromium as a grain
refiner, which formed incoherent Al Mg,Cr dispersoids, 0.02+
0.5 pym in diameter. The dispersoids in the 7050-T6 alloy,
where zirconium was the grain refiner, were semi-

coherent, tetragonal, ZrAl, which were typically 0.0l um in
diameter. Despite the fact that the grain size of the 7475-T6
alloy was the larger of the two, a higher threshold stress
intensity factor range was reportea for the 7050-T6 alloy at

R = 0.05 in a dry argon atmosphere. This was attributed to
greater coherency of the ZrAl2 dispersoids with the lattice.
The incoherent Al _Mg,Cr intermetallics were thought to remain
virtually underformed in the crack tip plastic zone leading to

stress concentrations and the possibility of debonding and

cracking.
2.2.5____.. Crack _Path
2.2.5.1 Effect of Microstructural Barriers

As crack growth rates.are reduced, the onset of near-
threshold type propagation appears to coincide with a change in
fracture surface appearance from one of structure-insensitive
to a structure-sensitive mode. Numerous studies (28, 32, 63, 64,
83, 103-108) have indicated that this transition from smooth flat
to rough, cleavage-like fracturer occurs when the cyclic plastic

zone size roughly ' corresponds to the material grain size.
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Some of these studies (83, 103-107) have shown on da/dN vs AK
diagrams, that a bilinear relationship exists with a definite
transition in slope occurring at a point AKT, corresponding to

the cyclic plastic zone size and grain size being equal.

A model proposed by Yoder et al (83, 103-107) and
based on the size of the cyclic plastic zone size, considered
the type of fatigue propagation (either structure-sensitive or
structure-insensitive) to depend solely on the material yield
strength (0y) and the mean free path between microstructural
barriers to slip band transmission (i). In most materials
1 was equal to the grain size. Using Rice's derivation of the
cyclic plastic zone size under plane strain conditions ryc

(109) i.e.

c Ak 2
Y = 0.033 o ) s ssseas 0000000 2-15
y ¢ Yy

Yoder et al assumed that when r ¢ became the same
order as 1 a transition in the da/dN 0K slope would occur. The
stress intensity factor range at the transition point (Aﬁﬂ

could thus be described:

AK = 5.50 (i)* teeesancecnanes 2.16
T Y

For the two titanium alloys under consideration
(Ti-6A1-4V and Ti-8Al-1Mo-1V) (83, 84, 104) which were in a 8
annealed condition, the model fairly accurately predicted the
transition points over a change in Widmanstatten packet size from
20 pm to 60 pm. For these microstructures 1 was assumed to be
the packet size rather than the prior B grain size, Considerable
crack bifurgcation was observed at stress intensities below the

transition point (AKT).
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It was concluded that this transgranular, crystallographic
bifurication caused a reduction in the effective stress

intensity range and consequently crack propagation rates.

In a later study, Yoder et al (106), working with a
B annealed, CORONA 5 alloy (Ti-4.5Al1-5Mo-1.5Cr), found that crack
bifurication only occurred above the transition stress intensity
factor, in contrast to their earlier observations. However,
as before, propagation rates were rapidly reduced below AKT,
down to threshold. Compositional differences were examined to
account for the contrasting behaviour. For the CORONA 5 alloy,
primary o-platelets constituted approximately 50% of the micro-
structure, the rest being regions of retained B. The Ti-6Al-4vV
and Ti-8Al-1Mo-1V alloys however consisted of a greater proportion
of primary o with barely enough retained B to surround the a-
platelets. The authors proposed that for the CORONA 5 alloy,
when the cyclic plastic zone size roughly exceeded the length of
the a-platelets, a critical stress intensity level was exceeded

and interfacial cracking of a/B boundaries was induced.

Yoder et al (107) have also used their cyclic plastic
zone model to interpret changes in the slopes of da/dN vs AK
diagrams of 7XXX series aluminium alloys. Using data obtained
by Bucci et al (110) for a 7075-Té alloy, three transitions were
identified and related to 1. The transitions are shown on a
da/dN as AK diagram in figure 2.13. According to equation 2.16,
the transition T, was controlled by the grain size of the material
(rycTa = 4.4 pm) in accordance with the transition from structure-
insensitive to structure-sensitive growth observed in other

materials (103-106, 108).
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The cyclic plastic zone sizes of the transitions T, and T, at

1
lower stress intensities were calculated to be 0.76 ym and 1.91
pm which seemed to correlate with the dispersoid spacing and
subgrain size respectively for the alloy. Evidence to support
this theory was presented by using Bucci et al's data (110) for
a 7050-T6 alloy. Transitions for this alloy corresponded to
cyclic plastic zone sizes equal to the dispersoid spacing (0.71
pm) and the grain size (4.0 pm). No transition coinciding to
the subgrain size was observed. It was argued that as
zirconium replaced chromium as the grain refiner in the 7050
alloy compared to the 7075 alloy, the formation of subgrains

was partly supressed and consequently the transition T, was
absent. Yoder et al's cyclic plastic zone model assumes thét
definite transitions occur at specific stress intensities.

In many cases the exact position of such transitions, if they
are present at all, can vary through experimental scatter and
interpretation. The reproducibility of results produced by the

model must therefore be open to speculation.

Yoder et al (83, 103) have further conjectured that
the sharpness of such transitions is dependent on the grain or
packet size distribution about the mean value. An alloy
exhibiting a fairly constant microstructural size, would show a

sharper transition at AK_ than one displaying a wide variation

T

in grain diameter.
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As discussed in Section 2.2.4.1.2, Davidson and
Lankford (89) doubted that grain size was the microstructural
dimension controlling near-threshold propagation behaviour in
7XXX series alloys. From their direct observations of growth
in a SEM they proposed that dispersoid size and volume fraction
controlled slip line length and therefore near-theshold

behaviour.

2.2.5.2 Fatigue fracture planes in aluminium alloys

—— - T ——— - . T —— - " ————— — - - —

Stubbington and Forsyth (111), during the 1960's,
first suggested, from metallographic examination of fracture
surfaces, that fatigue fracture occurred crystallographically
on {111} planes in a <110> direction in two aluminium alloys,
(Al-7.5 Zn-2.5Mg and Al-2.5Cu-1.5Mg). Confirmation was made
using a Laue back reflection X-ray tecﬁ}que. Metallographically:
it was revealed that in some planes intersecting {111} planes
produced parallel lamellae running in the <110> direction,
while elsewhere the fracture was essentially planar running
along {111} planes. Later Pelloux (25) and Knott and co-
workers (112, 113) demo;strated that fracture facets in Stage
II growth and at lower growth rates, were close to a {100}
orientation and propagation occurred in a <110> direction.
Pelloux (25) used an etching method to produce specifically
shaped etch pits on fracture surfaces which helped to identify
facet fracture orientations. A solution of 50H $-:50HNO, :
32HC1:2HF applied for approximately three seconds was found
to produce such pits. Etch pit orientations were determined
by etching a polished and plastically deformed specimen and by

using the slip line traces as reference orientation markers.
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For both a 2024-T3 and an overaged 7075 alloy, square based

pyramidal pits were formed (figure 2.14a). Pelloux proposed
that the side faces of such pits were {111} planes, the base a
{100} plane and that the edges of the basal plane were parallel
to <110> directions. He concluded that on the basis of a
large number of observations, striations formed at low growth

6

rates (K10° mm/cycle) were parallel to a <110> direction with

+10% and the fracture plane was close to a {100} orientation.

Knott and co-workers first working with pure Al-Cu
alloys (112) and later with more complex Cu-Al based alloys (113)
also reported propagation in a <110> direction and on a {100}
plane. Garrett and Knott (112) determined, from X-ray
diffraction studies, that fracture on {100} planes occurred in
Al-Cu alloys, but reported that cleavage mechanisms were not
responsible as had been previously thought. Instead, a
restricted slip mechanism was proposed in tefms of the emission

of n pairs of slip dislocations from the crack tip according to

a/

a/ + %3 [101)

+ a[001] cese 2.17

2 [101] (001)

(111) (111)

where the (111) and (111) planes interesect the crack
front along [110] as observed. The resulting opening, a [001],

was normal to the (001) plane.

Higo, Pickard and Knott (113) used a similar etch
pit method to that developed by Pelloux (25) to reveal the
fracture orientation of various Cu-Al alloys. The étching
solution in this case was 2.5g FeCl, + 10cm3 HC1l in 150cm?

ethanol.
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Similar, square based pyrami@al etch pits to those seen by
Pelloux were observed. The authors also noted that on a
microscopic scale the (100) planes seen macroscopically could
be ridged along (111) and (111) planes if the slip was - uneven
or sequential, rather than continuous. fThis may help to account
for the differences between the work of Pelloux and Knott and

co-workers and that of Stubbington and Forsyth.

Albreé@ and Lﬁtjering (93), however, have indicated
that fracture occured in {111} slip planes in an underaged,
high purity 7075 alloy. Pelloux's etch pit method was again
used to identify the fracture orientation of small, sharp slip
steps on the surface. The triangular based pyramidal pits
formed had faces of {100} planes and a basal plane parallel to

the fracture surface which was a {111} plane. (figure 2.14b).

Other researchers have reported growth not on {100}
or {111} planes, but on {110} planes with propagation in a
variety of directions. Electron microscopy replica studies by
Bowles and Broek (114) revealed that fracture of a 7075-T6 alloy
occurred on {110} planes. However, an etch pit . techique on
similar fracture surfaces produced mainly cubic shaped pits
(figure 2.14c) and a few triangular based pyramidal shaped pits
(fiéure 2.14b) indicating fracture on {100} or {111} planes
respectively. In many cases irregular shaped pits were created
indicating that fracture was not on a low index plane. Crack
growth directions were seen to vary from grain to grain but were

confined to <110> or <100> directions.
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To explain the variations in crack path, Bowles and Broek (114)
considered the deformation mechanisms which would satisfy slip

on {111} planes in fcc metals. Two were thought to be possible:

(i) (001) crack plane [110]) crack tip direction
and (111) slip planes. The slip planes make an angle of

54°44' with the crack plane, and

(ii) (011l) crack plane, [011] crack tip direction
and (111) and (111) slip planes. The slip planes make an angle

of 35°16' with the crack plane.

Pelloux (25) had suggested that fracture on [001]
type planes was observed as the angle of the slip planes were
closer to the planes of maximum elastic shear stresses (~70° to
the crack plane in Mode I crack opening). Bowles and Broek
(114) proposed a model based on Pelloux's work, showing that
propagation was equally possible on [110] planes as on [100]
planes, assuming that the resolved shear stresses for the two
slip systems in randomly orientated graihs.were not very
differ?nt. They also noted that according to Laird (115),

{100] planes in aluminium alloys were often orientated normal

to the tensile axis due to textural effects and this may have
contributed to the fact that fracture along (100) planes was

more commonly reported. The small, triangular based pyramidal
pits seen in a few places on fracture surfaces indicated,
according to Bowles and Broek (114), that on a microscopic scale
striations consisted of parts of (111) planes, though the overall

fracture was either on [(100) or (110) planes.
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Nix and Flower (116) have also reported fracture on
{110) planes in preference té £100) planes in a 7010-T76 alloy.
They suggested that striation formation occurred by cleavage
on {110) planes coupled with plastic deformation during blunting
and closing of the crack. Scanning transmission electron micro-
scope thin foil studies and etch pit tchniques were used to
determine fracture planes. 'Roof top' shaped pits (figure
2.14d) were produced indicating [110] fracture planes. They
proposed that the differences between their observations and
those of others, who reported £100) fracture planes (25, 112),
113) may have been due to incorrect observations being made
during the previous work. Without stereo-imaging, which Nix
and Flower had used, they thought that 'roof top' shaped etch
pits may have been mistaken for cubic shaped pits. Nix and
Flower's material was also strongly textured, producing higher
tensile stresses in [110) planes than on (100) planes. This
may have promoted fracture on [110) planes if slip was equally
possible on {110} and {100) planes. The likelihood of cleavage-
like fracture on planes that are not close packed in fcc metals,
(e.g. €110)) is however questionable. More often fracture

would be expected to occur on (111} or [100) planes.

Advantageous near-threshold crack propagation
behaviour has recently been demonstrated for microstructures
consisting of two distinct phases (12, 108, 117-120). For
steels, a combination of a martensitic phase for strength and a

ferritic phase for increased ductility can, through careful
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heat treatment, signi#ficantly increase threshold stress
intensity factor ranges. McEvily and co-workers (108, 117). for
example, produced a microstructure containing ferrite islands
totally encapsulated by martensite. The beneficial fatigue
properties associated with such a microstructufe at low R-ratios
was attributed to the preferred fracture through the ferrite,
which produced a tortuous crack path and led to considerable
crack tip deflection and closure contributions. Tzou and
Ritchie (119) reported a threshold stress intensity factor

range greater than 20 MPa/m at R = 0.05 for a plain carbon steel
with a microstructure consisting of fine, fibrous martensite
dispersions in a coarse ferrite matrix. The steel, which had
been intercritically annealed and brine quenched, exhibited a
50% improvement in threshold over conventionally heat treated
material. The relevance to this study concerns the two phase
titanium microstructures. The fine, transformed B phase and
primary a phase may be analogous to the martensite/ferrite

phases in steels.

2.3 INITIATION OF FATIGUE CRACKS

- e i - - - —— . - — > wn - -

The initiation of fatigue cracks, at or near the
surface of a cyclically deforming structure, generally occurs
close to singularities such as inclusions, scratches and pits.

These can all act as local stress concentrators.
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For a surface, f;ee from such features, initiation
from persistent slip bands (PSBs) may be observed. Ewing and
Humphrey (121) observed initiation from slip bands in a iron
as early as 1903. By repeatedly inté%upting the load cycles
and polishing and etching the test pieces, they observed the
formation . of a few slip bands. These bands slowly widened and
were finally seen to be the cause of crack initiation. The
term: persistent slip band was defined by Thompson et al (122)
some years later. Their experiments, fatiguing high purity,
polycrystalline copper specimens, showed that on periodic
inspection throughout the fatigue life, a few slip bands were
visible and that they remained visible even after electro-
polishing. On restarting cycling,slip again occurred along
these persistent slip bands eventually leading to crack initiation.
Forsyth and Stubbington (123) later reported the presence of
intrusion/extrusion pairs associated with bands of intense slip
in an age-hardened Al-Cu alloy. Small vis:ble extrusions,
about 0.1pm thick and 10pm long were found in accentuated slip
lines. Cracks were sometimes seen to originate from crevices

in the specimen surface, left by the formation of an extrusion.

Cottrell and Hull (124) have proposed a model to
account for the formation of these intrusion/extrusion pairs,
assuming slip to occur on two intersecting slip bands sequentially
during a fatique cycle. Figure 2.15 schematically presents the
model. During the loading portion of a fatigue cycle, slip
first occurs along one slip band (figure 2.15b) and then along a

second, resulting in two slip steps on the surface (figure 2.15c).
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On unloading, sequential slip again occurs, producing an
extrusion at one end of a slip band and an intrusion at the

other (figure 2.15e).

Another established model for crack initiation from
a clean surface (125) does not require the formation of an
extrusion/intrusion pair. Although, as Fine and Ritchie (126)
have highlighted, surface roughening would extenuate the process
by increasing local stresses. Neumann's model (125), depicted
schematically in figure 2.16 can be explained in the following
manner. During the tensile part of a fatigque cycle a slip step
can be formed at the specimen surface along a favourable
orientated slip plane (figure 2.16a). If the stress amplitude
is large enough, slip could be activated on a second slip plane,
as the first becomes inactive due to work hardening (figure 2.16b).
Decreasing the stress, during the unloading part of the fatigue
cycle, leads to the formation of a crack, as the excess dis-

locations on the active slip planes run out. (Figure 2.16c).

The point at which a coarse slip band actually forms
into a fatique crack is still unclear. Miller (127, 128) has
suggested that crack growth can be considered to start from the
first cycle, though with current experimental techniques such a

hypothesis is impossible to prove.

The remainder of this section considers the types of

initiation commonly observed for aluminium and titanium alloys.
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The type of initiation observed in commercial
aluminium alloys can vary markedly depending on composition and
processing techniques. Factors which promote local stress
concentrations or create inhomogeneous structures, such as
inclusions, coarse intermetallics and wide precipitate free

zones, can markedly reduce initiation resistance.

In the previous chapter (section 2.2.4.2) examples
were presented to show that by increasing the length of ageing
in precipitation hardenable aluminium alloys, crack propagation
resistance decreased. Sanders and Starke (129) however, have
highlighted the opposite effect in terms of initiation. Such
behaviour has been attributed to the degree of homogeﬁﬁty in the
microstructure. For an underaged 7075-T6 alloy, it was
suggested that as the shearable precipitates tended to localise
strain, large slip offsets would occur at a specimen surface and
low initiation resistance would result. The more incoherent
precipitates in an overaged microstructure would promote a more
homogeneous strain distribution and hence smaller slip offsets

at a specimen surface.

Initiation resistance has also been seen to be
improved by controlling the grain size. For example, Litjering
et al (130), investigating the fatigue behavour of a high purity,
7XXX series alloy, showed a significant improvement in initiation
resistance to accompany a decrease in grain size. This was
attributed to the reduction in slip band length, which reduced

the number of dislocations in a pile up.
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A study by Kung and Fine (131) into the initiation
behaviour of 2024-T4 and the high purity version of the same alloy,
2124-T4, revealed that the type of initiation was dependent on
the stress amplitude. At high stress amplitudes initiation in
both alloys occurred in slip bands. The slightly better
initiation resistance of 2024-T4 over 2124-T4 was ascribed to the
smaller grain size of the former alloy. However, at lower stress
amplitudes, initiation in 2024-T4 was almost exclusively from
constituent particles, while only half those in 2124-T4 were from
the same source. A small improvement in initiation resistance
was observed for the high purity version of the alloy, presumably
as few constituent particles were present in the microstructure.
Examination of the area around the constituent particle disclosed
that initiation had occurred along slip bands impinging on them.
It was thought that intrusion and extrusions could form more
readily at low stress amplitudes on slip bands that initiated at
the second phase particles. It is possible, however, that these
constituent particles could also act és stress concentrators.

An earlier study by Grosskreutz and Shaw (132) on a similar
alloy also reported initiation from particles. The authors
suggested ‘that this was due to interface debonding between the
matrix and the second phase particles and not to slip band
cracking, although a heavy concentration of slip bands around

the particles was observed.
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Studies of the initiation behaviour of a titanium
(e.g. 133) have highlighted that both slip band formation and
mechanical twinning can lead to crack nucleation. In the
latter case, the dislocation debris produced by a moving [1151]
twin interface can induce the growth of whiskers of material at
the interfaces, leading to initiation in a similar manner to that
of extrusion formation by slip bands. Correspondingly,

nucleation can occur at twin interfaces whichproduce intrusions.

In o+Bf titanium alloys, the presence of the o«
stabiliser aluminium, helps to facilitate slip on the pyramidal
planes in the o phase. This competes with mechanical twinning
and basal plane slip as a means of accommodating strain and
twinning related initiation is less frequently observed. A
number of studies have reported initiation to have occurred by
slip band formation in the @ phase or at a/B grain boundaries
(134 - 141). Some research (135 - 136) has shown however, that
although slip band nucleation, early in the fatigue life, is
prevalent at high stress amplitudes, a/8 ;nterface cracking,
later in the fatigue life, predominates at stress levels close
to the fatique limit. Benson et al (135) for example, observed
that interface cracking occurred without the prior formation of
visible slip bands at the a/B interface. This was explained in
terms of the cyclic stress level. Close to the fatigue limit,
stresses did not exceed a critical value required to cause

softening and the formation of coarse slip bands in the a phase.
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An unknown mechanism was assumed to continue at the o/B
interface however, and eventually initiation was caused by this

mechanism.

Steel and McEvily (137) have also observed initiation
in Ti-6Al1-4V at low stress levels, fairly late in the fatigue
life, from points on the specimen surface that showed no signs
of slip band formation. Rather than explaining this in terms
of a/B interface cracking, Steel and McEvily attributed it to an
internal stress intensification process that caused initiation
to occur slightly subsurface in some cases. Similar obser-
vations have been made by Neal and Blenkinsop (142) and Ruppen

et al (143).

Neal and Blenkinsop (142) reported internal initiation
in a+ transformed B microstructures of Ti-6Al-4V and Ti-4Al-4Mo-
25n-0.58i, usually when the stress levels were low. Examination
of fracture surfaces revealed that at every crack origin a flat
facet was present, which from X-ray analysis was identified as
an o grain. Furthermore X-ray diffraction techniques disclosed
that the facet was inclined at about 14° to the basal plane.

This was correlated with the cleavage plane (1dI7). A mechanism
was proposed whereby, due to restricted slip on the prismatic
slip planes, dislocations built up at grain boundaries.

This induced a stress large enough to produce cleavage on (1dT7)
planes before the critical resolved shear stresses on the (1011)
and [0001] planes could be reached. Conversely, Ruppen et al
(143) have proposed that initiation occurred subsurface at

a/R  interfaces in various morphologies in Ti-6Al-4V.
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Their model considered that ‘dislocations on (1OIb)a planes in

the a phase piled up at a/B interfaces. To accommodate the
strains in the B phase, two slip systems became operative,

whose <111> 8 were coplanar with the <1130>(! Burger's vector

of the a phase. During the fatigue cycle the relative movement
of these two slip systems produced a resultant displacement
perpendicular to the (100)B cleavage plane. Cleavage resulted
along this plane causing cracking in the Bphase, starting at
the a / B interface. The mechanism was only expected to be
operative in transformed B colonies where the prismatic plane was
orientated close to the maximum shear stress. Hence subsurface
initiation was more likely to occur as the probability of finding
a suitably orientated colony in the specimén interior would be

higher than on the surface,

The observation of internal initiation, particularly
at low stress amplitudes, in Ti-6Al-4V has also been noted by
Brown and Smith (144). They attributed this to environmental
effects on slip band formation in the a phase.

At the specimen surface, local plastic deformation will expose
clean metal to the environment in the slip bands. Reaction
with any oxygen and/or nitrogen in the testing atmosphere was
thought to produce local hardening, slowing down the initiation

process.
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Hence the possibility of failure occurring from a sub surface
origin was increased. Such a process would be favoured at low
stress amplitudes, as more time would be available for the

surface hardening process to occur.

In a similar manner to that previously reviewed for
aluminium alloys (130), a reduction:&he grain size of titanium
alloys has led to an improvement in initiation resistance.

Lucas (145, 146), for example has shown an increase in the fatigue
life to result from the reduction in primary a grain size, in an
a + transformed B microstructure in Ti-6Al1-4V. This was
attributed to a shortening of the slip band length. Stubbington
and Bowen (136) produced a highly initiation resistant micro-
structure in the same alloy, through a suitable thermo-mechanical
route. This not only reduced the primary O grain size, but also
spherodised the transformed B grains, so diminishing the number
and length of a/B interfaces available as initiation sites.

A good example of grain size effects was presented by Lin et al
(139). They noticed a worsening of fatighe lives in

Ti-6A1~4V when the alloy was cold rolled prior to testing.
Metallographic inspection found that this process sheared some
transformed B grains, which in effect increased the primary o
grain size with regard to the mean free path available for slip

band formation. Consequently,initiation resistance diminished.

In contrast to the significant effects of primary o
grain size on initiation resistance, Lucas (145) reported only a
small increase in fatigue strength, at low stress amplitudes,

due to the refinement in prior B grain size.
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Bowen and Stubbington (140, 141) however, have attributed the
increase in low cycle fatigue strength of o + B worked, B
annealed Ti-6Al1-4V, in part to the reduction in the prior B grain
size. They considered that this.had the efféct of decreasing the
mean free slip path. The fact that these studies were conducted
at significantly different stress levels may contribute to the

variation in the observed behaviours.

Bowen (141) also reported the effect of texture in
Ti-6Al1-4V on initiation resistance. Lower fatigue lives, which
were taken to imply worse initiation resistance, were observed
when specimens were oriented so that the basal planes in the
primary o phase were normal to the stress axis. This was as
compared to specimens oriented so that the basal planes were
pa;allel to the stress axis. Differences in the elastic and
plastic Poisson's ratio with crystallographic orientation were
thought to be responsible for these observations. A strain
applied parallel to the basal plane resulted in smaller strain
changes normal to the stress axis, due to the higher values of
Poisson's ratio. This constraining influence was thought to

be responsible for the enhancement in initiation resistance.

2.4 MICROSTRUCTG%LLY SHORT FATIGUE CRACKS
n

2.4.1 Introduction

—— ———— — — o 4 - ———— -

Since the early studies of de Lange (147) and Pearson
(4), the propagation behaviour of microstructurally short cracks
has become a topic of considerable research effort. Much of
this work has been directed towards identifying the effects which
make these microstructurally short cracks grow at faster rates

than long, through thickness cracks.

- 57 -



Such behaviour implies that fatigue life prediction based on
conventional LEFM analysis can lead to severe over-estimates
where small initial defects are observed. The early work by
de Lange (147), who used a replication technique to monitor the
growth of naturally initiated cracks from smooth surface steel
and aluminium alloy specimens, yielded no propagation rate data.
He did notice, however, that soon after initiation,’ the cracks
entered a long stage of "hesitating" growth which corresponded
to crack lengths between 5 and 10 grain diameter. This was
followed by a period of rapid growth to failure, which appeared
to be insensitive to the local crack tip microstructure. The
later study by Pearson (4) on two precipitation hardenable
aluminium alloys, involved growth rate measurements and
demonstrated that short surface cracks, typically less than
0.5mm deep, could propadate at faster rates than would have been
predicted from long crack tests (figure 2.17). Only when the
crack depths were greater than approximately 130pum did the growth

rates of the short cracks tend towards those of the long cracks.

More recently, a number of studies (e.g. 48) have
confirmed both de Lange's and Pearson's observations. Figure
2.18 schematically displays results of Lankford (148) and shows
the anomalously rapid growth seen by Pearson and the ‘'hesitating’
growth, of crack lengths approximately 2 to 3 times the grain
size, reported by de Lange. It is now recognised that it is
the relative size of the crack to the microstructure in which it
is contained, which can affect the growth characteristics of

short cracks.
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In particular, crack tip: microstructure interactions can
significantly alter local crack tip driving forces. In
addition, the absence of crack closure phenomena and the break-
down in LEFM similitude concepts are contributary factors to
the apparent differences in long and short crack growth

characteristics.

The da/dN vs A K diagram shown in figure 2.18 can be
-divided into three distinct regions.to describe aspects of
short crack growth. Firstly, there is an area where cracks may
be able to initiate but are arrested soon thereafter and fail to
propagate any further. This is indicated by the hatched region
on the left hand side of fiqure 2.18 and can be explained‘in terms
of the crack tip driving force being below the threshold for short
cracks (the endurance limit). This will be discussed in more
detail below. Secondly, cracks that are able to propagate further are
affected by the local microstructure infront of the crack tip.
This can result in the appearance of "dips" on the da/dN vs A K
diagram caused by temporary deceleration in the crack growth rate.
In the majority of cases the position of the deceleration dips
has been shown to be microstructurally sensitive, in that they
coincide with crack tip or crack tip plastic zone interactions
with grain boundaries. Hence their position on the A K axis is
grain size dependent. As Lankford (148, 149) has confirmed, it
is not the grain boundaries that are the cause of intermittent
growth, but the fact that a crack tip may have to grow into a
grain whose relative crystallographic orientation may be

significantly different to the one that it has just grown through.
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In the third region on the right hand side of figure 2.18 data
from a number of cracks come together and eventually join the line
corresponding to long, through thickness c¢rack, LEFM behaviour.
It is typical that at this point the crack depths of the short

cracks are many times the grain size of the material.

The critical crack depth, below which short crack
effects are apparent, was first reported by Kitagawa and Takahashi
(150). They presented crack growth data for a HT-80 steel in
terms a threshold stress range below which failure does not occur
vs crack depth diagram (a) (figure 2.19). They postulated that if
LEFM was applicable to any crack, independent of length, the
diagram should just consist of two lines. A horizontal line
representing the fatigue endurance limit of a smooth specimen and
a line, of slope - }, representing the threshold stress intensity

3

factor range (AKaa ‘). The two lines should cross at a critical
crack depth, ap (figure 2.19). The_authors, however, noticed
that‘at short crack depths the threshéiq stress intensity factor
range fell away from the predicted behaviour, i.e. it was
dependent on crack depth. lLater, Taylor and Knott (151) defined
the crack depths, a; and a, (figure 2.19), between which short
cracks would be expected to grow, against LEFM predictions. A
crack with a depth less than a; would become non propagating, as
described earlier by Lankford (148, 149) and shown on figure

2.18. The crack depth defined by a, has considerable importance

in engineering terms, as cracks larger thanthis depth can be

modelled using existing LEFM techniques.
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Typical experimental data (e.g. 152 - 155) demonstrating the
decline in threshold stress ;ntensity ranges below a, are shown
in figure 2.20 (154). Here, the critical crack depth, a, was
found to be modelled well by continuous mechanics arguements

(156) and that;

2 A 2
a, = (t/ma’y  (PFebhoy e eeeeienen...2.18

where AKth and Aoth werethe threshold stress intensity
factor range for long cracks and the endurance limit respectively

and o was a geometric factor.

The microstructural significance of a, has not been
determined, though Taylor and Knott (151) simply defined this
crack length as ten times the characteristic microstructural
size. Even though this is a very simplistic approach, it does

indicate the approximate dimensions in many cases.

Tanaka et al (157) attempted to model the decline in
threshold stress with crack length below a,, in terms of a two-
. dimensional, blocked slip band model. 4_It was based on the
prgmise that a slip band formed at a crack tip would be blocked
at a grain boundary, unless a critical value of stress intensity
was reached. Further growth into the adjoining grain would not
occur until this condition was satisfied. If the length b was

defined as:

b = a+ wg cessescctesncsss 2.19
where a was the crack length and wg the size of the
blocked slip band zone, the threshold stress (cth) could be

determined as:

1
= m =
oth = K,"//mb + (2/m) ¢, COS (3/b) ..... 2.20
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m L .
where Kc was the critical value of stressintensity for
propagation to occur and ofr the frictional stress for dis-

location motion.

Using already published data Tanaka et al (157) showed
that their model adequately predicted threshold behaviour,
particularly for softer materials, They concluded that the
reduction in threshold stress intensity factor range below that
predicted by LEFM for cracks with lengths less than a,, was due

to the stress strain environment of the plastic zone, which the

stress intensity factor could not adequately describe.

The models discussed to date, such as Tanaka et al's,
have only considered the application of fracture mechanics to the
prediction of a threshold for short crack growth and have not
examined the rate of propagation once the threshold has been
exceeded. Thus, even though LEFM predictions can be modified to
~account for very short cracks, it can not be expected accurately
to model crack growth rates, which have been shown to depend on

microstructural influences and micromechanisms.

The breakdown in LEFM in predicting the growth of short
cracks stems from factors such as the loss of similitude between
long and short cracks, any changes in stress state due to surface
effects for very short surface cracks and to the inability to

model the effects of microstructure on crack tip driving forces.
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A study by El Haddad et al (158) considered this
inability of LEFM and EPFM to describe short crack growth
behaviour. By introducing an effective crack length parameter
(defined as the actual crack length (1) plus an additional crack
length (lo) into fracture mechanics arguments, they derived
stress intensity solutions that closely fitted experimental data.
Their modified stress intensity factor range (AK) equation took

the form;
AK = Ao/ (I + IO, teseesscsnsnee 2.21

where Ag was the applied stress range. The term lo' which was

a constant for a given material, could be determined by con-

sidering the case at the fatigue endurance unit, where the crack
length 1 was virtually zero. The authors considered the term

1o to be a measure of the reduced flow resistance of surface

grains due to their lack of constraint. However, the use of an
arbitary parameter, such as lo' which happens to give a good
empirical fit to experimental data and has no real, physical

basis, can not be considered to be a practical solution to the

problem.

A model, derived from crack tip strain principRs, to
try to account for the rapid growth of short cracks, as well as
the retardation effect of microstructural boundariés, has been
proposed by Chan and Lankford (159). Whereas LEFM analysis is
based on cracks growing under plane strain conditions, Chan and
Lankford considered that short cracks would grow under plane
stress conditions.
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This was based on their observations that crack tip opening
displacements (CTOD) were larger for short cracks and that
consequently, the plastic strain range (Aap) for these cracks
would be higher, leading to increased crack growth rates under
nominally identical driving forces. 1In the model it was
assumed that the plastic strain range (Aep) for short cracks
could be related to the stress intensity factor range (AK)

through a power-law formulation;

be = c&x” e eeeeaans 2.22
p
where ¢ and n were constants.

The retardation effects of grain boundaries were
thought to be dependent on the distance of the crack tip from
the grain boundary (X) and the relative crystallographic
orientation of the adjoining grains. The latter relationship
was described by the function K(¢g), which was a measure of
resolved shear stresses On particular slip systems in the

cracked grain (TA) and the uncracked grain (TB). Hence;

T

K(g) = 1 - B/rA eesssececscese 2423

and TB/TA could be used as a measure of the ease with which

slip could ' propagde into the next grain.

In developing equation 2.22, Chan and Lankford derived
an expression relating crack growth rate (da/dN) to AK which

included the retarding effects of microstructure.

If D was the grain diameter, then

D=2x.m
D )l

da/aN = . AK" [1 - K(g)(

1 tresscseses 2.24
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C;r n and m are constants. Figure 2.21 demonstrates the
behaviour of the model for a crack tip approaching a grain
boundary. As K(#) approaches unity (i.e. the number of
propagating slip bands in the uncracked grain are few),
complete crack arrest can occur. The form of the curves
closely resembled that of experimental data (e.g. figure 2.18

(148)) and the model appears to suitably represent the propagation

characteristics of microstructurally short cracks.

Suresh (73, 150) has also considered the affect of
the relative crystallographic orientation of adjoining grains
on the crack tip driving forces of a short crack propagating
through them. He showed for a crack emanating in a grain at
an angle of 45° to the surface of a specimen and then being
deflected by -90° at the first grain boundary, that the
teffective’ driving force was reduced to 0.78 of the applied
driving force purely through crack deflection considerations.
Thus; if the deflection is large enough, the effective cyclic
stress may be reduced to less than the critical value for prop-

agation (the endurance limit) and complete arrest may occur.

In the following sections a more detailed examination
of effects of microstructural parameters on short crack growth

behaviour is presented.
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If, as has been highlighted in the previous section,
the presence of grain boundaries can significantly affect short
fatigue crack propagation behaviour, the characterisation of
grain size effects may be of considerable importance in under-
standing the mechanisms of growth. Two of the models discussed
previously, those of Tanaka et al (157) and Chan and Lankford
(159), predict that an increase in the microstructure unit size
will result in decrease in short crack propagation resistance.
The formers' blocked slip band model (151) predicts this through
a reduction in the fatigue endurance limit. The model also
predicts the commonly observed behaviour of an increase in
propagation resistance with grain size for long,.through:thickness
cracks. This has been discussed in detail in section 2.2.4.1
and has been attributed mainly to the development of a greater
degree of crack closure at near-threshold growth rates, through

the generation of rougher fracture surfaces.

In complete contrast to thesé'models,
Morris et al (161-163) have argued that an increase in grain
size tends to reduce crack propagation rates, due to a greater
contribution to plasticity, rather than roughness, induced crack
closure. Their models (161-163) are: based on crack closure
stresses, which were seen to retard crack growth depending on
the location of the crack tip relative to the grain boundary

towards which it is growing.
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In studying crack opening displacements of small surface cracks
in an aluminium 2219-T851 alloy, Morris (161) concluded that
crack tip opening displacements (CTOD) were proportional to the
distance of crack tip to the next grain boundary (Zo).
Furthermore, crack tip closure stresses (ccc) were found to be
greatest for those crack tips with large CTODS (i.e. when Zo

was large). This was later (164) expressed as:

€¢ - (Zo/2 g Ceeereeneeaes 2,25
max ¢

where cmax was the maximum applied stress, & a constant and

2c the crack length. Morris (164) found that this expression
adequately described his experimental data except when the crack

tip was virtually at the grain boundary (i.e. 2_<'0). It was

o
assumed that this slight discrepancy in the model arose from slip

nucleating across the grain boundary in: front of it.

More recently Morris et al (162, 163) have extended
this crack closure stress model to predict growth rates. Even
for microcracks in 2219-T851 (162), Morris et al showed that
crack opening displacements in the centre of the crack were
linearly elastic and therefore they assumed that LEFM could
adequately describe crack growth, hence;

da/g = B AKefE™ ... 2.26

where A and m wereconstants and AKeff the effective stress
intensity factor of the crack tip which could be reduced by the

crack tip closure stress (g Cc) such that:

AKeff = 1.12 (omax - occ)] 2C teiieiennneees 2027
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Hence, propagation rates could be calculated using the relation-

ships described in equations 2.25, 2.26 and 2.27.

. g 2
da/w ~ AAKn(l-aZO(_l_h) ) e eeeia... 2.28

Ak

where A, @ and n wera constants.

From equations 2.25 and 2.28 it was shown that when a
crack entered a new grain and Zo was at its maximum value, crack
closure stresses would take their largest value and crack
propagation rates would be of a minimum. Additionally, as the
grain size was increased, crack closure stresses would also
increase leading to greater propagation resistance. Figure
2.22 shows Morris et al's experimental data for a 7075-T6
aluminium alloy with the solid lines in the figure representing
predicted propagation behaviour from the model described by

equation 2.28.

The increase in créck growth rate as the crack tip
approaches the grain boundary proposed in Morris et al's model
contrasts with the behaviour modelled, more recently, by
Eastabrook (165). This model, based upon the distribution of
dislocations in a slip band ahead of a microcrack tip, suggested
that a maximum value of da/dN would be attained at a point near
the centre of a grain and would thereafter decline to a minimum

value as the grain boundary was approached.

The majority of experimemfal data available describing

the propagation behaviour of microstructually short cracks, suggest

that the crack closure stress model can not be universally applied.
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Furthermore,the experimental.data indicates that crack tip
propagation up to<grain boundaries is more similar to that
proposed by Eastabrook, with propagation rates diminishing as
the crack tip approached the grain boundary. The effect that
this has on propagation rates been shown by Gerdes et al (166),
who examined the growth of short microcracks in a Ti-8-.6Al1 alloy
with two different grain sizes (20 pm and 100 pm). Growth, in
vacuum, was monitored at various-points throughout the-fatigue
lives in a SEM. Figure 2.23 shows Gerdes et al's data for
short surface cracks growing at R = 0.1. Also shown are the
corresponding long crack curves at R = 0.2 and R = 0.6. The
fact that the finer grained material exhibited better short crack
propagation resistance across the range of stress intensity
factor ranges studied, was attributed to the greater number of
crack tip/grain boundary interactions for this microstructuce.
Such interactions were thought to lower crack tip driving forces

through a greater number of crack tip deflections.

The unexpected feature of this work, however, was that
for both grain sizes, the minima in propagation rates occurred
at around a crack depth of 50 um. Although this can be
explained for the 100 um grain sized microstructure in terms of
the crack tip interacting with the first grain boundary, as has
been reported by Lankford (148, 149), no such account can be
readily given for the finer microstructure. However, Gerdes
et al, did notice that up until the first minima in propagation.
rates, cracks in both microstructres appeared to be straight and

inclined at approximately 45° to the stress axis.
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Thereafter, considerable crack tip deflection occurred, which was
accompanied by a change in the fracture mode, from one occurring
due to planar slip,to one operating through multiple slip.
Although no solution to this problem can be suggested from Gerdes
et al's results, it is noted that their fatigue testing was
carried out at different stress levels for each microstructure.
It is possible that a mean or maximum stress effect may promote
the observed behaviour. In addition, it can be noted from
figure 2.23, that no data was collected for the finer micro-
structure at crack depths below the grain size. Any grain
boundary effects on crack propagation behaviour may therefore

have been missed.

In other titanium alloys, Similar grain size effects
on short crack propagation behaviour have been observed. 1In the
work by Hicks and Brown (167), the long and short crack propagation
behaviour of the alloys IMI 318 (Ti-6Al-4V) and IMI 685 (Ti-6Al-
52r-0.5M0-0.255i) were studied. Short, surface cracks growing
in the o + B heat treated Ti-6Al-4V alloy, with an average
primary o grain size of 12 pm, exhibited propagation rates
approximately five times slower at corresponding stress intensity
factor ranges, than those growing in IMI 683. The latter alloy
had a coarse, aligned -0 microstucture with a prior B grain
size of 3.5 mm, resulting from heat treatment above the B transus.
The inverse relationship between grain size and short fatigue crack
propagation resistance was found to be in complete contrast to
that found for the long, through thickness cracks in the same

alloys.
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Later work by Hicks: and Brown (168, 169) on the Ti-6Al-5Zr-
0.5Mo-0.25Si (IMI 685) alloy showed that short crack character-
istics could persist up to crack depths of severalmillimetres
and hence highlighted the fact that behaviour was strongly
microstructurally dependent and not just an effect of physical
crack size. For these particular studies the prior B grain
size was of the order of Smm and the microstructure contained
large, discrete colonies of aligned - a platlets, approximately
lmm across. Within each colony, crack propagation rates were
seen to be dependent on the crack path, which was termed either
crystallographic or noncrystallographic. For both types of
cracks significant periods of arrest occurred at the prior B
grain boundaries. However, for the crystallographic cracks,
propagation within individual prior B grains resulted in
fracture along favourably orientated slip bands extending across
many @ -platlets, giving a cleavage-like appearance. The
associated propagation rates were considerably higher than

those for the noncrystallographic ﬁracks where colony boundaries
caused crack arrest, significant crack tip deviation and the

promotion of crack path tortuosity.

In the same study (169), another near -(1titanium
alloy, IMI 829 (Ti-5A1-32r-3Mo-1Sn-0.55i) was examined. This
alloy had a much finer prior B grain size than IMI 685 (~ 1mm)
and a high proportion of basketweave, Widmanstatten o, achieved
by fast cooling from above the f-transus. No discernable
difference was observed between the long, through thickness and

short crack behaviour.
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This was attributed to the considerable misorientation of the
a-platlets in the basketweave structure, effectively reducing
the microstructural dimension to a size much smaller than the
crack depths studied. Hence, although the cracks studies were
physically short (i.e.less than about 1lmm), they could not be
described as microstructurally short and propagation behaviour

approximated to the long crack situation.

Brown and Tgylor (138, 170), noted no such
grain size dependence on short crack growth behaviour in o + B
heat treated Ti-6Al-4V. Alterations in heat treatment temperature
and time, resulted in two primary a and transformed B microstructures
with average primary o grain sizes of 4.7 and 11.7 pm. Whereas
the long, through thickness propagation resistance was increased
with grain size, no differences in short crack behaviour between
the two microstructures could be discerned. One suggestion to
account for this short crack behaviour was, that a quicker build
up of roughness induced crack closure would occur in the coarser
grained material, through a more tortuous crack path, and that
this'ﬁould mask any grain size effects on ﬁropagation rates.
Re-examination of both microstructures under polarised light
showed areas of identical contrast (approximately 300pm across)
much larger than the individual primary o grain size and suggested
that similar crystallographic orientations existed between groups
of primary o grains within each prior g grain. This observation
led to the explanation that the only really effective boundaries

to short crack propagation were those at the prior B grains.
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Hence little difference in .growth characteristics would be
expected between the two relatively fine grained alloys. An
alternative explanation for these observations was recently
given by Brown and King (171), who suggested that the variation
in grain size between 4.7 and 11.7 pm was not large enough to
produce any observable grain size effect, given the large

degree of scatter usually associated with short crack growth

data.

Similar grain size effects to those seen in titanium
alloys have been noticed for steels (172), nickel-base super-
alloys (167, 47), and aluminium alloys (167, 174). Tokaji et
al (172) reported increased short crack propagation resistance
in a low alloy Cr-Mo steel when the prior austenite grain size
was reduced from 91 to 15 pm. They attributed this to the
deceleration of the crack tip on the surface when a surface, or
- sometimes even a bulk grain boundary, was approached. In
Astroloy. (167, 47), a decrease of approximately a factor of
two in short crack propagation rate was recorded on decreasing
the grain size from 50 pm to between 5+12 pm, Interestingly,
in the latter study, Brown, King and Hicks (47) found the best
short crack propagation resistence to occur in a 'necklace'
microstructure consisting of 40 pm grains surrounded by a

necklace of 5 um grains.

In contrast to the amount of research that has been
directed to grain size effects in titanium alloys, very little

work has been carried out on aluminium alloys.
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Hicks and Brown (167) have examined the short crack behaviour

of two aluminium alloys with different grain sizes, however,
their data cannot be used to define grain size effects, as two
distinctly different alloys were used, which resulted in changes

in fracture mode, yield strengths and modulus.

The overwhelming majority of data described in this
section indicates that, contrary to the results of Morris et al
(162, 163) an increase in grain size will have a deleterious
effect on short crack propagation resistance. Recently, Brown
and King (171) have suggested an explanation for the
contradictory effects shown by Morris et al. The cracks
modelled in the Al 2219-T851 alloy were Mode I cracks, greater
than 25 pym deep, growing virtually perpendicular to the stress
axis. Brown and King argued that the plasticity induced
closure effects, proposed to account for Morris et al's
observations, may give rise to contrasting behaviour when
compared to the highly crystallographic, slip band cracks
reported by other investigators, particularly in Ni-bdse and
Ti &8lloys. Whereas slip band cracks may have to undergo
distinct changes in crack tip direction on crossing grain
boundaries, Mode I cracks would not, and are associated with
more homogeneous deformation and thus, the operation of several

independent slip systems within a grain.
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The influence of crystallographic texture on short
crack growth characteristics has ben examined by Brown and
Taylor in an a+B processed Ti-6Al-4V alloy (138, 170). Short
crack propagation resistance was reported to be noticeably
improved when the smooth bar test specimens were machined from
the LT orientation of the plate rather than the TL orientation.
This was consistent with the crack direction being aligned to
the basal planes in the hexagonal primary o grains in the latter
orientation, which has. been reported to allow an easier path
for crack propagation through a reduction in modulus and
Poisson's ratio (141). Significantly, this behaviour was in
contrast to that for long cracks in the same microstructure,
where the increase in faceted’ growth in the TL oriented

material promoted greater roughness induced crack closure.

In a similar study on an extruded 7475 aluminium
alloy, Greéory et al (176) have shown considérable textural
effects on microcrack growth. Here, smooth test specimens
were machined parallel to (0°) and at 45° to the extrusion
direction. Initial propagation behaviour was similar for the
two orientations with crack tip declaration and arrest
occurring at low values of stress intensity factor range.

While propagation rates increased for the 0° orientated
specimens at slightly higher AKS, cracks in the 45° orientated
specimens continued to grow intermittently. Examination of the
fatigue fracture surfaces identified growth on (111) slip planes

in the <110> direction for the 0° orientated specimens.
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Cracks, inclined at an angle. of approximately 30° to the stress
axis grew to failure with little crack tip deviation. However, in
specimens orientated at 45° to the extrusion direction cracks were
observed to change propagation direction at a surface crack

length of approximately 100 pm, from lying perpendicular to

the stress axis to 45° to it. This change in crack plane
orientation was thought to promote considerable crack arrest,

even for cracks only 50 pym in depth. Textural studies

indicated that initial growth occurred en two intersecting (111)
slip planes, but on propagation into the specimen interior,

grains of another textural component were encountered. As

these grains exhibited only one favourably orientated slip

system, crack tip re-orientation was necessary leading to

continued crack tip arrest.

Whereas much of the previous discussion has con-
sidered the interaction between a crack iip and a grain boundary,
these boundaries have been between grains of similar nature and
composition. Where the boundary is also an interface between
different phases, a considerable influence can be exerted on
propagation behaviour. Kunio and Yamada (177) showed for a
0.37%C, ferritic/martensitic steel, that small cracks nucleated
in the softer, ferrite matrix could be substantially retarded
on reaching the harder, martensitic second phase. Further
propagation was observed only to occur when the stress was

increased to above the fatigue limit.
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Similar observations by De 1l9os Rios et al (128, 178) on
ferritic/pearlitic structures suggest that the fatigue limit

for these materials is not a measure of the stress to avoid
crack nucleation, but rather a measure of the stress required to
overcome the retardation effects of the second phase. The
beneficial behaviour to crack growth offered by the pearlite
appeared to be the fine banding of ferrite/cementite plates in

the structure, which severely reduced slip length.

In a+B heat treateé titanium alloys (166, 167),
similar behaviour has been reported, with initiation and early
initial growth occurring along slip bands in primary o grains,
analogous to the ferrite matrix in steels, Crack tip
deflection has been seen to occur at ap/transfdrmed B boundaries,
although no direct evidence was given in either study of the

cracks becoming non-propagating.

The difficulties associated with monitoring short
crack growth in environments other than laboratory air, has been
the predominént reason why only limited data has been obtained.
The relevant studies (149, 166) have both involved the use of
an SEM, with specially modified loading rigs, to examine short
cracks at various stages through their fatigue lives. The
cracks being gfown in inert environments between insertion into
the SEM. In the first study, by Lankford (149), short cracks
in a 7075-T6 aluminium alloy were grown in a N, environment and

the behaviour compared to that in laboratory air.
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Lankford's findings, summarised in the da/dN vs 2a diagram shown
in figure 2.24, revealed that although the nitrogen atmosphere
appeared to promote slightly better propagation resistance,
similar fracture modes were observed in each environment.

Crack paths however, were found to be quite distinct. Whereas
cracks grown in air were all within 10° normal to the stress
axis, cracks in the inert atmosphere were typically orientated

at 45° to the loading direction. Similar findings were reported
by Gerdes et al (166) for short cracks growing in a Ti-8:6Al

alloy in both laboratory air and under vacuum.

Lankford (149) used a stereoimaging technique to
examine the shear bands at the loaded crack tips in both
environments. For the air grown cracks, one or two shear bands
were usually detected eminating from crack tips at approximately
80° to the propagation direction. All crack tip opening was
seen to be in Mode I. Conversely, the nitrogen environment
produced plastic deformation ahead of the crack tip in only one
shear band, lying in the plane of the crack propagation
direction. In this case, the material ahead of the crack tip
yielded under Mode II opening. Furthermore, Lankford
considered that if the increased crack path tortuosity of the N,
grown short cracks was taken into account (i.e. the actual crack
length projected onto the plane normal to the stress axis),
propagation rates for the two environments would be comparable.
This was somewhat dissimilar to the case for long, through
thickness cracks where the inert atmosphere was seen to promote
propagation resistance (figure 2.24), even though crack opening

modes did not differ significantly between environments.
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This contradictetory behaviour was explained in terms of

the efficiency of crack extension in the plastic zone ahead

of the crack tip. This was thought to be easier when the shear
bands lay in the plane of the crack tip (N_2 atmosphere) which
led to a decrease in short fatigue crack propagation

resistance.

One of the most important criterion from the point
of view of the engineer, is what is the crack depth at which
short crack propagation behaviour can no longer be distinguished
from that of long c;acks and hence the lower limit to which
conventional LEFM can be utilised in design? Considering
the Kitagawa plot (figure 2.19) this critical crack depth was
defined as aé, the point below which the short crack data
deviated from the line describing the relationship between stress
intensity factor range and crack depth. From the available
data in the literature, including their own results on
aluminium bronze, Taylor and Knott (151, 179) suggested that
a, could simply be defined as approximately ten times the grain
size of the material. Cracks shorter than this did not satisfy
the condition that the surrounding material deformed homogeneously,
due to the constraint of the local microstructure ahead of the
crack tip. In engineering design terms, Taylor and Knott
hypothesized that there was no real neea to perform short crack
tests. From conventional long crack propagation data, the

crack depth ao (figure 2.19) could be determined and the critical

depth a, could be calculated, assuming a, = 4a°.
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Fatigue lives could then be computed using existing facture

mechanics procedures, with a, as the critical defect size.

Tokaji et al (172), examining the short crack
propagation characteristics of a steel with two different prior
austenite grain sizes, also found that the shortest crack depth,
that LEFM could be applied, was microstructurally dependent.

For the two grain sizes (d) evaluated, 15 pym and 91 pm, the
critical crack depth (a,) was founh to be 134 and 54 respectively.
It was also noted however, that the effects of local micro-
structure on‘growth characteristics virtually disappeared when
cracks became deeper than about 3 times the grain size for both
microstructures. The fact that cracks deeper than this
continued to grow at faster rates than predicted by LEFM, was
attributed to the build up of crack closure with inéreasing
crack depth. The authors concluded that such 'mechanically’
short cracks could be evaluated by LEFM, if crack closure for
sﬁort cracks could be experimentally measured. Furthermore,

the real limit of LEFM corresponded to a crack depth of about

3 x grain size.

Blom et al (174) have also considered that an LEFM
approach, in describing short crack behaviour, is valid down to
crack depths below the divergence of long and short crack
propagation data, if the analysis is based upon the effective

I
stress intensity factor range (AK ). For the two aluminium
e

ff
alloys evaluated (2024-T3 and 7475-T6), the critical crack depth
(al) below which 'real' short crack behaviour was observed and

could not be predicted by AKeff could be determined from a
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modified Kitagawa plot (2.;5). The critical crack depth
(al) was at the point of intersection between the line
describing the fatigue limit (for a particular R - ratio) and
the sloping line showing the dependence of crack depth on AKeff'
This crack depth is consistent with that characterised by
Taylor and Knott (151, 179) and shown in figure 2.19 as al.

A change in fracture mode around the depth a, was also observed.

1
Cracking was initially in a crystallographic, Stage I type mode

through entire grains and a change was seen at a, to a zid\zag,

1
transcrystalline stage II mode. Blom and co-workers interpreted
their results to indicate that there was a slow increase in

crack closure contributions with crack depth above the critical

depth a Such behaviour is consistent with that previously

1
described by Tokaji et al (171).

A similar view was taken by Gerdes et al (166) from
their results on a Ti-8.6A1 alloy, which showed that short crack
propagation data at a low R-ratio tended towards the long crack
data at an R-ratio of 0.6 as the crack extended. Hence short
crack propagation could be better described by AKeff' as proposed
by Blom et al (174). However, short crack testing carried out
at the higher R-ratio revealed that propagation resistance
deteriorated still further with respect to the R = 0.1 data

(figure 2.26). If crack closure contributions are absent or small,

for microstructurally short cracks, as has been suggested (172,
174), any differences in propagation behaviour between tests at
high and low R-ratios should also be small. Clearly, Gerdes et
al's results do not verify this conjecture, unless the describing

parameter (AK) is inadequate for the present purpose.
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Indeed, Gerdes et al found that the data from the two R-ratio

short crack tests were virtually identical when plotted in terms

of Kmax It appears that short cracks may therefore be

controlled by K or O rather than by AK. The fact
max, max,

that at both high and low R-ratios, the crack propagation rate was

seen to decelerate at identical crack depths (~45 pm) and that

fractographic examination revealed similar crack paths, supports

this view.

In an attempt to characterise the parameters
distinguishing long and short crack behaviour, Lankford (180)
has recently considered the relationship between the maximum

T
plastic zone size ahead of a crack tip (rmpz) to the crack depth
(a) and the microstructural unit size (d). From a correlation
of the available literature and from his own data for a 7075-T6
aluminium alloy, Lankford determined two interdependences
between these parameters. The information implied that for
short cracks to grow at faster propagatiqn rates than long,
through thickness cracks, the ratio of plastic zone size to
crack depth should exceed about 0.05. However, it was shown
that this relationship could not be applied universally in
predicting whether a crack will exhibit anomalously rapid growth,
as some materials did not show short crack propagation
characteristics, even though this ratio was exceeded. The
parameter that did manage to predict the type of growth expected
was the ratio between the plastic zone size corresponding to the
minimum crack depth studied (rpmin) and the size of the local

microstructural unit, usually the grain size (d4).
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p

experienced rapid growth of short cracks. A further appealing

/d was found to be less than 1 for all the materials that

aspect of this ratio was that it should equal 1 when the long
and short crack propagation data merged. Taking Taylor and
Knott's suggestion that this occurred when the crack depth was
about 10 x the grain size (151, 179), Lankford showed that

r /4 = 0.84 for his 7075-T6 alloy, which is close to unity.

If, as has been discussed above, the local micro-
structure atva crack tip can significantly influence short crack
propagation behaviour, it can be assumed that the shape of the
crack may be distorted by these microstructural interactions.
Under simple tensile loading conditions, a crack surface should
take a half penny appearance if driven by K assuming that
initiation also occurred from a similarly shaped source and that
microstructural influences were absent. An a/c ratio of 1.0
(where a and c are the crack depth and half the surface crack
length respectively) should be maintained throughout the crack
life if surface effects are ignored. It has been observed
however, that the effect of the local microstructure at the crack
tip produces an irregular crack front (172, 181, 182).
Additionally, the choice of initiation site, whether it be from
an inclusion or through slip band formation, can control the
initial crack shape. The determination of the crack shape is
important, in that short crack growth models are normally based
on the crack tip propagating into the material bulk, while
experimental observations are almost exclusively founded upon

measurements of surface crack length.
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The majority of crack growth rate studies assume a
constant a/c ratio is maintained throughout (148, 149, 166-169,
176). The ratio is usually determined from the crack shape at
the end of testing, when the crack depth is large with respect
to the microstructure. Furthermore, Lankford (148) has showﬁ
that a fairly constant, half penny crack shape (a/c = 1.0) is
preserved even at crack depths of the same order as the grain
size, in a 7075-T6 aluminium alloy. Conversely, Tokaji et al
(172) have shown for a large grained Cr-Mo steel (d = 91 pm),
that below crack depths of about 3d crack aspect ratios varied
between 0 and 1.5. The diversity being a result of the nature
of the crack tip: grain boundary interactions. Ag greater
crack depths a constant a/c ratio of about 0.8 was reported.
The reason why no deviation from an a/c ratio of about 0.8 was
seen for a finer grain size material, was attributed to little
data being obtained below crack depths of 3d. Hence any

variation due to microstructure had been missed.

In a 100 pm grain sized, Ti—e‘GAl alloy, that
exhibited planer slip, Wagner et al (181) have examined the
change in crack‘shape as a crack lengthened. This was achieved
through grinding back through short surface cracks and measuring
the crack length of various crack depths. They showed that the
cracks were able to propagate faster along the specimen surface
than into the material bulk and suggested that this was probably

due to free surface effects. The aspect ratio was seen to
change continuously depending on the location of the surface

and interior crack tips, and was always below unity.
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Qualitatively, a shallow profile was observed when the surface
crack was able to accelerate after being held at a grain boundary,
as shown schematically in fiqure 2.27 a/c/e. In contrast, a
near semi-circular profile occurred when surface grains were

arrested by grain boundaries (figure 2.27 b/d).

Cox and Morris (182) have employed a statistical
method to predict the evolution of crack shape in a 7075-Té6
aluminium alloy. Monte Carlo simulations were carried out,
based on stress intensity solutions around an irregular crack
front coupled with the laws governing crack growth through the
influence of microstructure, founded upon an established
plasticity induced crack closure model (163). Furthermore,
experimental evidence was presented to substantiate the model.
Results based on predictions and experiments are shown in
figure 2.28 in terms of the aspect ratio vs the normalised crack
depth. Initially, very shallow cracks were formed (a/c <0.1)
due to crack formation from slip bands. Thereafter, the aspect
ratio increased to a maximum between crack depths of 50+100 pm
before becoming constant at around 0.8 at greater depths. The
peak in aspect ratio had been predicted by Zurek et al's model
(163), which is based upon the parameter z, the distance of the
crack tip to the next grain boundary towards which it is growing.
Due to the non equiaxed grain shape being assessed (~ 120 pm in
length and only 20 pm deep) , z would take a much smaller value
for cracks growing into the specimen interior and this, according
to Zurek et al, will increase propagation rates in that

direction, so leading to a greater aspect ratio.
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2.5 OTHER TYPES OF SHORT FATIGUE CRACKS

The second definition of a short crack, as described
in section 2.1, is when the crack length is small compared to the
scale of local plasticity. Although this definition is usually
applicable to cracks embedded in the plastic zone generated by a
notch, it can also be assigned to the case where the plastic
zone produced ahead of a crack tip, is of the order of the crack
length (i.e. the crack length is usually small and the stress
field containing it, very large, typically approaching the yield

stress).

The latter situation can be identical to that of
microstructurally short cracks, as discussed in section 2.4.
The rapid growth of such cracks has been pa;tly attributed to
the breakdown in LEFM in adequately describing the crack driving
forces. Smith (156) for example, has shown that for LEFM to be
applicable, the ratio of plastic zone size to crack length should
be less than 0.02. Clearly, if the crack length is small and
the stresses applied to &t large: , this criterion can be
invalidated. Dowling (183) has attempted to use elastic-
plastic fracture_mechanics (EPFM) to describe the growth of this
type of crack in a steel subjected to completely reversed strain
cycling. Although the use of the J-integral produced a closer
correlation of short crack data with those for long, through
thickness cracks, cracks with lengths less than about 189%9um
still exhibited faster than expected propagation rates. A
further improvement in equivalance was obtained when El1 Hadded
et al (158) reanalysed Dowling's data in terms of their 1O

concept (described in section 2.4.1).
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The ability of the lo characterisation to correlate long and
short crack data is significant, however, as it is devised
empirically, with no established physical meaning, current
application in developing an understanding of the short crack

problem is limited.

Similarly, for cracks embedded in the plastic zone
generated by a notch, the premise that plastic yielding in front
of the crack tip is small compared to the crack length, is
violated. For this type of crack, similar growth characteristics
to microstructurally short cracks have been observed. Initially,
propagation rates are high, well below the long crack threshold.
Subsequently, they are reduced and crack arrest can occur.

Using arguments based on the J-integral, Hammouda and Miller (184)
have explained this behaviour in ferms of a notch plasticity
theory. Here, crack propagation rates were determined by the
sum of the shear displacement in the material caused by the
presence of the notch and that generated by the plastic zone
ahead of the crack tip. When the crack was completely embedded
in the plastic zone of the notch, the contribution of the latter
to the total shear displacement was minimal. Crack growth rates
were decreased until arrest occurred or the crack grew out of
the notch plastic zone. In the latter case, the short crack
propagation data would merge with that of long cracks, as the
plastic zone ahead of the crack tip would dominate and growth

would be determined by LEFM considerations.
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Other arguments have been presented based on crack
closure concepts. For instance, Tanaka and Nakai (185) have
used a compliance technique to measure crack closure for small
cracks embedded in notches in a low carbon steel. Their data
showed that little closure was associated with these cracks,
which led them to present their results in terms of the effective

stress intensity factor range (AKe ). The anomalously fast

ff
growth rates of the short cracks fell into the line associated

with AKe for long, through thickness cracks. Analytical

ff
studies by Newman (186) have supported this view. He showed
that as a crack increased in length, while still embedded in the
notch plastic zone, the permanent residual plastic strains
associated with the zone, increase with the length of wake behind
the crack tip. The effective driving force at the crack tip is
continually reduced, slowing the crack propagation rates until

crack arrest occurs or the crack grows out of the notch plastic

zone field.

The final definition of a short‘crack mentioned in
the introduction (2.1), was when a crack is. considered to be
long compared to the scale of both the local microstructure and
the locél plasticity, but 1is physically short (generally less
than 1lmm). Although characterisations based on LEFM and
continium mechanics should be applicable, anomalously fast
propagation rates can occur compared to long cracks growing

under nominally identical driving forces.
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Behaviour of this type has been highlighted by
McCarver and Ritchie (187) working with a nickel base superalloy.
Precracked, bend specimens had their top surface ground away to
leave small, surface cracks, 0.01 + 0.2mm deep. After the
application of a stress relieving heat treatement, the cracks were
fatigued at R = 0.1 at various initial stress intensity factor
ranges (AK) and the number of cycles to failure was noted.
Threshold stress intensity factor ranges (AKth) were defined in
terms of the initial AK that failed to cause any detectable crack
extension in 5x107 cycles. Ak values were reported to be

th

over 60% smaller than measured AKt for long, through thickness

h
cracks. There was a similarity, however, .between the threshold
values for these short cracks and the threshold values for long
cracks growing at an R ratio = 0.8. The authors concluded
that although LEFM was valid in that the maximum plastic zone
sizes were less than 0.067 of the crack length, the lower
threshold associated with the physically short cracks was due to
the absence of crack closure contributions. Since a crack of
small dimensions will have limited fracture surface area, it
would be expected to grow at a faster rate than a long crack at

the same low R ratio which would be subjected to considerable

crack closure.

Support for McCarver and Ritchiés theory has more
recently been given (53, 188, 189). James and Morris (188) have
measured the crack opening displacements (COD), at minimum load,
on a function of crack length, for cracks up to 500 pm deep in a
Ti-6A1-25n-4Zr-6Mo alloy.
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Some of their results, depicted in.figure 2.29, show that-an
increase in crack closure was seen up to crack lengths of about
150 pm. Thereafter, no increase in COD and, hence closure, was
apparent. Even though the crack length was over an order of
magnitude greater than either the primary a or transformed B
grain size, crack propagation rates were higher than predicted

by LEFM up to 150 um.

Zaiken and Ritchie (53) and Bu & Stephens (189) have
both shown for 7XXX series aluminium alloys, that by machining
away the wake of a long crack behind a crack tip that had
previously been grown down to threshold, growth could recommence
at low R ratio. This was despite the fact that the nominal
stress intesnity factor ranges did not exceed threshold values.
Similar experiments performed at higher R ratios (0.8) by Zaiken
and Ritchie revaled that cracks remainged dormant after the

removal of the wake and the loads reapplied.

In-situ crack closure measurements made by Zaiken and
Ritchie (53) during the removal of the waké behind the crack tip
in the k = 0.1 tests, showed that only about 50% of the closure
was within 500 um of the crack tip. This is in some agreement
with the crack closure model proposed by Beevers (46), in section
2.2.3, in that both consider that closure builds up quickly
behind the crack tip. The Beevers model though, considers that
the wake immediately behind the crack tip is important as it is

here that the majority of the closure is generated.

- 90 ~



2.6 EFFECTS OF SHORT FATIGUE CRACK TESTING PROCEDURES

The effect on short fatigue crack behaviour of the
replication technique, commonly used for monitoring the initiation
and growth of short fatigue cracks, has recently been studied
(138, 144, 190). Brown (144), for example, working with a
number of microstructural variations of a Ti-6Al-4V alloy,
noticed increased fatigue lives of specimens subjected to
interrupted cycling and replication, as compared to those which
were cycled continuously to failure. What needs to be ascer-
tained is whether it is the interruption in cycling or the
application of the replicating medium that is responsible for

the beneficial extension of the fatigue life.

Earlier work in a similar field by Evans and Gostelow
(191) on an aligned, Widmanstatten Ti-GAl-SZr-O.5M6~O.ZSSZ alloy
(IMI 685), showed that a five mihute dwell at maximum load after
each fatigue cycle was detrimental to the fatigue life. An
increase in the number of crystallographic facets on the fracture
surfaces and other similarities to creep behaviour, prompted the
authors to propose a model for dwell sensitivity based as a

combination of creep and a hydrogen assisted dislocation locking

mechanismn.

The work of Evans and Gostelow was in agreement with
that of Stubbington and Pearson (192, 193) which was concerned
with dwell at maximum load in a and transformed B microstructures
of two highly textured titanium alloys (Ti-6Al1-4vV and Ti-4Al-4Mo-
25n-0.5S1). Significantly higher growth rates were reported

where dwell was introduced, especially when the stressing
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direction was approximately normal to the basal planes of the
primary a grains. Dwell effects were worse for microstructures
which contained the greatest proportion of primary a, but neglible
for predominantly transformed B structures, even though these

were still highly textured. The observed behaviour was
attributed to strain-induced hydrogen embrittlement at, or

immediately ahead of, a crack tip in the a phase.

Conversely, Eylon (194, 195) has found no detrimental
effects on propagation rates due to dwell at maximum load in
various Ti-6Al-4V microstructures. Indeéd, in some cases
increased propagation resistance accompanied the dwell tests,
which was thought to be due to a more to;tuous crack path and
the associated increase in crack closure contributions. In
the later study (195) Eylon recorded no detrimental effects due
to dwell, even though the alloy he was evaluating was strongly
textured and contained over twice the hydrogen content of the
material used by Stubbington and Pearson (192, 193).

Stubbington and Pearson (192, 193) had also noted a more tortuous
crack path in tests where dwells had been applied, even though
faster prépagation rates were observed. It should be noted

that in these studies, propagation rates down to only about
10—umm/cycle were examined. The effects of crack closure on
growth rates would have been more apparent at lower growth rates.
In addition, Eylon (195) concluded, that microstructure, hydrogen
content and texture did not directly influence dwell effects

and that specimen design and testing procedure could not be

ignored as possible causes of the conflicting dwell test results.
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Brown and Smith (144) have shown, for both Ti-6Al-4V
and pure Ti, that an increase in the fatigue life resulted from
the repeated use of the replication technique used to monitor
short crack growth behaviour, with the greatest enhancement
occurring at lower stresses. It was suggested that these
observations could be attributed to strain ageing effects,
either in the bulk of the specimen or at the surface. Hence
both initiation and propagation would be retarded. At the
lower stress levels, the strain ageing was more effective as a
strengthening mechanism, as the local plastic strain would be
smaller. Brown (138, 190) has shown similar behaviour for a
Ti-6A1-4V microstructure containing predominantly primary a.
Data plotted in figure 2.30 shows this beneficial effect on

fatigue life when the cycling is interrupted for replication,

compared to that for continuous cycling.

In the same study, Brown (191) evaluated the effects
of the acetone impregnated replicating material. Testing showed
that when replicas were taken more frequently, the fatigue life
was reduced (figure 2.30). It was suggested that the acetone
used to soften the replicating material may have caused changes
in the ease of cracking, either through a reduction in surface
energy or due to a reaction producing hydrogen at the crack tip.
In titanium alloys therefore, the measured fatigue lives using
the replication technique, will be determined by the competing
processes during the rest periods, of strengthening due to

strain ageing and changes due to the presence of acetone.
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CHAPTER 3

EXPERIMENTAL TECHNIQUES

3.1 INTRODUCTION

The object of this study was to analyse the short
fatigue crack behaviour of selected commercial aluminium and
titanium alloys. An evaluation was also made of the long,
through thickness fatigue crack behaviour for the purpose of
comparison with that of the short cracks. This chapter des-
cribes the experimental techniques used in the fatigue testing
programme and in addition, associated aspects such as material
mechanical property data accumulation and optical and electron
microscopy analysis of fatigue cracks. Microstructural eval-
uation of the materials involved and a descriptionof the heat
treatments used are presented in subsequent chapters (Chapters

4 & 7 for the aluminium and titanium alloys respectively).

3.2 TENSILE TESTING

Tensile tests were performed on the 7010 and 2014A
aluminium alloys and on the titanium alloy, IMI 318. It was
done initially to obtain basic mechanical property data, however,
in addition, for the aluminium alldys data was used to evaluate
ageing curves to facilitate a choice of ageing times for sub-
sequent fatigue testing. For all the alloys studied, this
data was supplemented with Vickers hardness or microhardness
testing.

The 7010 and 2014 alloys were evaluated on a Hounds-
field testometer using standard 20mm diameter, round Houndsfield
tensile specimens, the dimensions of which are shown in figure
3.1a.
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All testing was carried out.at room temperature. For the
titanium alloy 1IMI 318, a more detailed study was made using
the specimens shown in figure 3.1b, tested on:IOOKN"
capacity, screw driven, mechanical Mayes machine operating at
an initial strain rate of 10’4 sec'l. An extensiometer was
used to measure the change in length of each specimen to help
determine the 0.2% proof stress. Elongation to failure was
measured using marks scribed on the gauge length of each

specimen. Ultimate tensile strength and reduction in area

were measured using standard techniques.

Hardness measurements were made on a conventional
Vickers hardness indenter for both the aluminium and titanium
alloys. For the two titanium alloys, IMI 318 and IMI 550 a
further study was conducted on a Vickers Microhardness indenter
using a 50g load, which allowed microhardness measurements to
be made, where possible, on both the primary o and transformed

B phases.

3.3 LONG, THROUGH THICKNESS FATIGUE CRACK TESTING

Although long, through thickness fatigue crack
behaviour of the alloys under consideration here, and other
similar alloys, have been studied in detail elsewhere, e.g. (20,
23, 52, 107, 196), a testing programme was formulated to obtain
comparison data for the subsequent short crack testing using

the same alloys in identical heat treatement conditions.

Conventional single edge notch bend (SENB) specimens

were used, loaded in 4-point bend on a Mayes, closed loop, servo-

hydraulic testing machine equipped with either a 25KN or SOKN

load cell.



4-point bend specimens were.also to be used for the short crack
testing. For all the alloys tested the SENB specimens were
machined from plate material so that their top surfaces were
parallel to the rolling direction of the plate. Specimen
dimensions are shown in figure 3.2. In all but one case,
B=W=20mm, L =100 mm, and n»= 5 mm. The central notch
(depth n) was machined with an included angle of 45° nominal.
Screw holes (0OBA) were machined in each end of the specimen at
points where the current for the p.d. crack length monitoring
system was to be connected. The exception to these specimen
dimensions was for a f-annealed IMI 318 microstructure (specified
318D). Whereas, for the other microstructures examined in this
part of the study, heat treatments, where necessary, were per-
formed after specimens had been cut to shape, this was not
possible for 318D. Due to the affinity of titanium for oxygen,
heat treatement was performed in a vacuum furnace operating at
better than 10 * torr. As a further precaution against oxygen
contamination, 2.25 mm of material was machined ground from both
sides of the specimen, reducing W to 15.5 mm. The central notch

was also added at this stage.

Top roller spacing on the 4-point bend rig was kept constant at
80 mm, the roller being positioned in the small notches on the
top surface of each specimen (figure 3.2). The bottom rollers
were spaced equi-distant either side of the specimen's mid-point
giving a bending moment arm of 20 mm (figure 3.2). All fatigue
cycling was carried out at 50 Hz in laboratory air between 15

and 20°C.
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The increase in crack depth at the bottom of the notch
during fatigue testing was ﬁonitored using a d.c. potential drop
technique. A constant d.c. current supply was applied through
the length of the specimen via bolts screwed into the specimen
ends. Two thin wires (0.25mm diameter) of similar composition
and electrical conductivity to the specimen, had previously been
spot welded and secured with epoxy resin as close as possible to
the notch, across it on diagonally opposite sides. Al-1Mg-0.6
Si and pure titanium wires were used for the aluminium and
titanium alloys respectively. The voltage across the notch was
monitored through the thin wires and was recorded, after
amplification, on a chart recorder. The current through the
specimen was allowed to stabilize, usually overnight, at a
convenient value to produce a voltage across the notch after
ampigcation of either 0.2V (aluminium ailoy ) or 2.0V (titanium
alloy). The lower value for the aluminium alloy was due to its
lower resistiwvty. The use of higher currents resulted in
excessive specimen heating. During fatigue testing an increase
in crack depth at the bottom of the notch resulted in an increase

in the voltage measured across it, which could be related to

crack depth through a calibration curve,

Near threshold crack growth rates were approached using
a load turndown technique similar to that described by Ritchie
(197). Initially fairly high loads were applied to the specimen
in order to produce a propagating, sharp crack across the whole
specimen thickness. Once it had propagated through the notch
tip plastic zone, the loads were reduced in steps of approximately
10%. At each new load range the crack was allowed to grow at
least four times the size of the plastic zone generated at the
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previous, higher load level. This minimised any retardation
effects due to plasticity ahéad of the crack tip. The maximum
plastic zone size (rmpz) at the crack tip in the centre of a
specimen whidk # subjected to plamstrain conditions was

calculated from the equation:

a
r 1 max

K
Irlpz=g1T (T‘) P O |
where Kmax is the maximum stress intensity factor- and oy, the

yield stress of the material.

As near threshold growth rates were approached, the
reductions in load range were decreased to <2%. This procedure
was repeated until no detectable growth was recorded in 108
cycles. Once certain that this condition had been satisfied,
the loads were slightly increased and the crack allowed to
proéagate until the crack depth: specimen thickness (a/W)
ratio of ~0.6 was reached. As the servohydraulic testing
machine could not reliably maintain loads abéve this ratio,
cycling was then stopped. Through this procedure, near
threshold propagation rates could be monitored under decreasing

and increasing stress intensity factor conditions.

For all the microstructures examined here (7010 OAl,
7010 UA, 318A and 318D) threshold tests were performed at an

/K ) = 0.1. The maximum and minimum loads

R - ratio (K ,
min max

were reduced by a constant ratio to each other throughout the
test until threshold was reached. This is shown schematicélly
in figure 3.3(a) in terms of stress intensity factor (K) vs
number of cyqles (N). As can be seen, during this procedure
the value of minimum stress intensity factor (Kmin) stays below

the stress intensity factor below which the crack can be assumed
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to be closed (Kcl) and the threshold values reached are,
therefore, influenced by the crack closure phenomenon. Further
tests were performed on 7010 OAl and 7010 UA specimens using a
method developed by Lewis ( 198 ) to obtain closure free
threshold stress intensity, factor ranges. Initially cycling
was operated at R = 0.1 as before, however, near-threshold
behaviour was approached by increasing the minimum load and
keeping the maximum load constant. This is shown schematically
in figure 3.3(b). By choosing appropriate locads at which the
minimum load was first increased, it was possible to obtain
propagation in the near-threshold regime at R - ratio 2 0.8.
Here growth is assumed to be closure free and the values of

threshold can be taken as intrinsic material parameters.

A computer programme ( 199 ) was used to process the
data for presentation in terms of crack growth rate (da/dN) vs

stress intensity factor range (AK).

Fracture surfaces were exahined in detail on a JEOL
35C scanning electron microscope operating at 25Kv. Additionally,
some fracture surfaces of the 7010 OAl and UA microstructures,
that had been etched in Pelloux's Reagent, were examined in the
electron microscope. By etching in Pelloux's Reagent ( 25 ).
(2% HF, 24% HC1l, 37% HNO,, 37% H,0) for 5+»10 seconds, a number
of etch pits were produced, the shape and orientation of which
could be related to the crystallographic orientation of regions

of the fracture surfaces.
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3.4 SHORT FATIGUE CRACK TESTING

The initiation and subsequent propagallon behaviour of
short fatigue cracks from smooth stress free surfaces was
monitored using an inté}upted cycling, replication technique.
Periodically through the fatique life of a specimen, cycling was
suspended and a plastic replica of the specimen surface taken
for later examination. The method encompassed simplicity and
excellent resolution and has previously been used to a wide

extent. (e.g. 138, 148, 149, 166, 168, 47).

Smooth bar specimens, machined with their long axis
parallel to the rolling direction of the plate material, were
fatigued in 4-point bend. The exact dimensions of the specimens
changed slightly from alloy to alloy depending on the gquantity
of material available, but in all cases iﬁitiation occurred
within an area approxiaé@ely 100mm? on thé top surface of each
specimen between the bottom rollers. Figure 3.4 schematically
describes the specimen shape and roller positions of the 4-point
bend test rig. The specimen dimensions for each alloy studied
are indicated in table 3.1. Top and bottom roller spacings of
50mm and 10mm were used throughout the study, giving a moment
arm of 20mm. This type of loading arranéement produced an area
on the top surface, above the bottom rollers, subjected to a
uniform stress field and hence a large, representative area for

initiation and growth.

After any necessary heat treatment and pfior to fatigue
testing, the top surface of each specimen was prepared to a high

quality, stress free finish in the following manner.
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First between 30 and 50 pm of material was hand ground from the
surface of 240 grit emery paper. Further grinding down to 1200
grit paper was followed by 8 pm and 1 pm diamond paste polishing.
Electropolishing further improved the surface finish by
eliminating any scratqhes or marks left by the grinding and
polishing procedure. It was also assumed that any residual
stresses produced from the machining and heat treatment stages
would be removed. To ensure that only the top surface and tops
of the specimen sides would be electropolished the remainder of
each specimen was protected by "lacomite"”. For both the
aluminium and titanium alloys a glacial acetic acid/perchloric
acid solution was used. The concentrations of each constituent
are shown in table 3.2, together with the polishing conditions.
The electropolishing produced a slight surface etch which was
further accentuated by chemical etching in either Keller's
reagent (1% HF, 1.5% HC1l, 2.5% HNO,, 95% H,0) or Kroll's
_reagent (2% HF, 10% HNO,, 88% H,0) for the aluminium and titanium

alloys respectively.

Fatique testing was again carried out on a closed
loop, servohydraulic, Mayes testing machine in laboratory air
between 15 and 20°C. The cyclic frequency was reduced from

4o lOH2
50 Hzpafor the aluminium alloys and 20 Hz for the titanium alloys.
This was because the relatively high loads required to initiate

short cracks from a smooth surface could not be accurately

maintained at the higher frequency.
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Minimum (omin) and maximum (omax) applied stresses
were calculated using the standard bending beam formula for a
tensile stress on the surface of an elastically bent beam (200).

Hence for the maximum stress (omax)

3p d
Opax = —Max_
The e 1

where Pmax is the maximum applied load, d is the bending arm
and t and h the specimen thickness and height. Initially all

testing was carried out at an R ratio of 0.1.

Relatively high stresses were required to initiate
cracks fromthe un-notched surface. For each alloy maximum
stress levels of approximately 0.9 x 0.2% proof stress were
chosen. Table 3.3 shows the 0.2% proof stress of each alloy
and the corresponding maximum stresses used for short crack
fatigue testing. The 0.2% proof stresses shown for the
titanium alloys are for the alloys in their as received condition.
Although subsequent heat treatments to produce alternative micro-
structures changed the tensile propertiqs, the value of cm

ax

shown in table 3.3 remained unaltered.

In addition to changes in the microstructure, which
will be described in chapters 4 & 7, variations in mechanical
testing procedure were also studied. These were confined to
the 7010 OAl microstructure and included examining the effects
of maximum stress and R - ratio. To assess the effects of
maximum stress on short fatigue crack behaviour, testing was
carried out with g _  equal to 500 MPa and 225 Mpa to accompany

the base line testing of 440 MPa.
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At the lower of these stress levels initiation was found not to
occur within a reasonable number of cycles and a slight change
in testing procedure was adopted. Initiation was monitored at
a maximum stress of 440 MPa and the load was then decreased in
small steps (<10%) until a crack was growing at omax=225 MPa.
Care was taken to ensure that as each new load range the crack
grew a distance greater than 4 x plastic zone size generated at
the previous higher load, as with the long, through thickness,
threshold testing. However, this method did not yield any data
for cracks less than about 100 pm in surface crack length.

To evaluate the effects of R - ratio on short fatique crack
behaviour, testing was intially carried out with an R - ratio of
0.5 (omax = 440 MPa). However, once again initiation was found
not to occur within a reasonable number of cycles, possibly due
to the stress range being too small. Testing was found to be
successful at an R - ratio = 0.25 (Gmax = 440 MPa) and it was
hoped that thismodest increase in R - ratio would indicate any

effects of stress range on short crack behaviour.

The replication technique used to monitor crack
groﬁth involved stopping the cycling periodically throughout the
test. The interval between replicas depended on the expected
life and the growth characteristics of the microstructure and
was typically between 500+5000 cycles. Specimens were held at
mean load to keep crack faces apart and to allow replicating
material to penetrate the crack. Cellulose acetate sheets,
30mm x 15mm in area and 0.034mm thick, were softened briefly in
acetone (<1 second) and delicately placed on the fatigued,

specimen surface, taking care to avoid trapping any air bubbles.

- 103 -



Once the acetone had evaporated, the stiffened sheets could be
peeled off the specimen and transferred to a glass microscope
slide, on which they were held face up with double sided tape.
The near perfect, negative impression of the specimen's surface
could be examined directly by opticalmicroscopy. However, the
image was further improved by coating with a thin layer of gold
which increased the reflectivity. This was performed in an
EMSCOPE 500 gold splutter coater operating at 15 mA for 30

seconds. Magnifications up to 1000X could be easily achieved

using a Nikon Photomicroscope.

- ————— ——— ——— o ————— " ——— — T " - — S s -

To apply any kind of fracture mechanics analysis to
microstructurally short cracks measured using a surface monitoring
technique, the relationship between surface crack length (2c)
and depth (a) must be established. With this in mind a series

-of tests were carried out to examine the change in crack shape

with increasing crack depth.

For the 7010 in its OAl condition two different test-
ing procedures were followed, Firstly, a number of specimens
were fatigued until cracks between approximately 40 pm and 4.0mm
were present. Specimens were then broken open and measurements
of 2¢c and a were made either using a calibrated, travelling
optical microscope or from electron microscopy examination.

In addition, in order to follow any change in crack shape for a
particular crack as it grew, an overload technique was developed
to produce "beach marks" on the crack faces. Initially cycling

was performed with a maximum tensile stress (omax) = 440 MPa and
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at R = 0.1. Once a crack had been detected overloads of
500 cycles at Gﬁax = 550 MPa and at R = 0.1 were added after

every 5000 cycles. Any "beach marks" produced by such a method

were examined in the SEM.

For the two titanium alloys a technique similar to
the first method described above was used. Specimens containing
cracks with depths between 150 pm and 5.0 mm were broken open and
the crack shape determined. However, as the fatigue fracture
often appeared to be similar to the final, fast fracture some
difficulty in determining crack shape was encountered. This was
overcome by exposing the cracked specimen in a furnace at 600°C
for one hour prior to breaking the specimen open. The fatigue
fracture surfaces were oOxidised to a blue/gold colour enabling
crack length and crack depth measurements to be made more easily

on the optical microscope.

A number of stress intensity solutions were examined
in detail with the view of using an appropriate one through out
the study. The solutions under consideration included those
developed by Shah and Kobayshi (201 - 203), Pickard (204) and
Trantina et al (205). After careful assessment a solution
evaluated by Shah and Kobayshi (presented in 206) was chosen.
It predicted the stress intensity at the deepest point of a
crack (depth a) emulating from the top surface of a large slab
(thickness h) subjected to a uniform bending moment/unit thickness

(M) . The solution took the form:

S ees e v e s 3.3

Ko = 6MYTa

h2
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Where Ko was related to the maximum stress intensity factor
(Kmax) for various a/c ratiog by the curves depicted in figure
3.5. For all the cracks under study here, a/h ratios were
<0.25 and for all crack shapes (a/c ratios between 0.1 and 1.0)
evaluated by Shah and Kobayshi the relationships between Kmax/

Ko and a/h were linear.

It was found that déta for long 'short cracks' (i.e.
crack depth >> grain size and usually deeper than lmm) fitted
the long, through thickness crack data better using this
solution than any of the others. This will be considered in
detail in chapter 6 which discusses the aluminium results and

can be seen clearly in figure 6.1.
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ALLOY h (mm) t (mm) 1 (mm)

7010 12.5 12.5 100.0

2014 A 12.5 12.5 100.0

(l 10.0 10.0 100.0

IMI318 i 10.0 12.5 100.0

IMI550 8.0 10.0 100.0

TABLE 3.1 SHORT CRACK SPECIMEN DIMENSIONS
SOLUTION
ANODE :
ALLOY CONCENTRATION 1 v vace | teme | cathooe | caTwooe TIME
SYSTEM seric aco. |0 (°C) SEP?SQ;ION TYPE (SECS)
PERCHLORIC ACID
ALUMINIUM 9 : 15 10 s12¢« | 10020 | sramness 240
STEEL

 TITANIUN 100 : 6 40 ~1¢ | 10420 TITANIUM 6x30¢

* Temperature reduced to lowest possible without freezing solution

# 6 x 30 second bursts required as thin film built up on surface
which needed to be removed between bursts

TABLE 3.2 ELECTROPOLISHING CONDITIONS USED IN
SPECIMEN PREPARATION PROCEDURE

STRESS (MPa)
7010 495 440
2014 A 435 380/400*
IMI318 950 750
IMIS550 990 850

* 380MPa used for OA material, 40CMPa used for
UA material

TABLE 3.3 0.2% PROOF STRESSES & MAXIMUM TENSILE STRESSES
USED FOR SHORT CRACK TESTING FOR ALLOYS UNDER STUDY
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CHAPTER 4

ALUMINIUM ALLOYS - MATERIALS

4.1 INTRODUCTION

The development of high strength aluminium alloys
in the latter half of the twentieth century has mainly been due
to the demand from the aerospace industry, where materials with
high specific strength have been required. Furthermore, the
good corrosion resistance and formability of these alloys have
contributed to their extensive usage. This chapter briefly
reviews the development and strengthening mechanisms of the
alloyé under examination in this study (7010 and 2014a). In
addition, descriptions of the thermal processing routes analysed

during the short fatigue crack testing programme, are presented.

4.2 ALLOY DEVELOPMENT

The foundation for modern aluminium alloys was
established in 1906 by the accidental development of age hardening
by Wilm (208). In trying to produce strong aluminium alloys,
to replace brass in the manufacture of cartlridge cases, Wilm
developed the alloy duralumin (Al1-3.5Cu-0,5Mg-0.5Mn), which
exhibited substantial improvements in meéhanical properties over
previous aluminiﬁm alloys. Commercial developments over the
following thirty years were based on this Al-Cu-Mg system.

For example the alloy 2014 (Al-4.5Cu-0.5Mg-0.8Mn-1.0Fe-0.9Si~
0.25Zn-0.1Cr-0.15Ti) contained a small silicon addition, which
made it more responsive to artificial ageing than duralumin and

consequently higher strengths were attained.
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Similarly 2024 (Al-4.4Cu—l.5Mg-0.6Mn-O.5Fe-0.SSi—O.ZSZn—OlICr-
0.15Ti) was developed as a high strength, naturally aged
alternative to duralumin. The increase in magnesium content
and the reduction in silicon content to the lowest level
possible, resulted in the formation of an Al,Cu,Mg phase which
produced significant natural hardening. The more recent 2XXX
series alloys (e.g. 2014A, 2124, 2224, 2048) attribute their
beneficial mechanical properties mainly to the tight control of
impurity content (through the use of high purity aluminium) and
to a slight reduction in copper levels, Both these modifications
tend to suppress the formation of large, brittle intermetallics,

which adversely affect the ductility and fracture toughness.

Greater potential for age hardening existed however
through the evolution of the Al-Zn-Mg-Cu system. Eariy alloys,
such as those developed by Rosenhain et al (209) and Sander and
Meisser (210) demonstrated the strength potential of this alloy
system, but were very susceptable to stfgss corrosion cracking
(scc). During the early 1940's, two alloys became commercially
available, 7076 and 7075 (Al-5.5Zn-2.5Mg-1.6Cu-0.3Mn-0.5Fe-0.4Si-
0.23Cr-0.2Ti) (211). The former was employed, to a limited
extent, as a forgeable alloy for propellers, however, it's low
chromium level, which was found to quell problems associated
with SCC, restricted use to sheet material. The 7075
alloy, and derivitives, have remained the most extensively used
Al-Zn-Mg-Cu alloys to the present day. Higher strength alloys,
such as 7001 and 7198, have been prone to fracture toughness

problems and have not been as popular,
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The modern derivatives of 7075, such as 7475, 7050 and
‘7010, have improved mechanical properties (especially fracture
resistance) due to the reduction in impurity levels through the
use of high purity aluminium. Furthermore, the replacement of

chromium with zirconium in 7050 and 7010, has lead to a reduction
in quench sensitivity in larger sections, allowing slower cooling

rates and a reduction in residual stresses,.

4.3 STRENGTHENING MECHANISMS

Aluminium alloys exhibit the basic requirement for
strengthening by precipitation hardening, i.e. the rapid decrease
in solid solubility of one or more elements with decreasing .
temperature. Heat treatement routes involve the following three
stages. First solution treatnbent in a single phase region -
(e.g. the o phase in the aluﬁinium/copper system shown in
figure 4.1). Secondly, quenching from this region sufficiently
quickly to avoid any precipitation of the solute atoms, to form
a supersaturated solid solution (SSSS). Finally, the controlled
precipitation of fine particles from the SSSS by naturally ageing

at room temperature or artificially ageing at an elevated

temperature.

Precipitation hardening in 2XXX series aluminium
alloys, from the decomposition of the SSSS to the formation of
the equilibrium 0 precipitaté (CuAl.), occurs in the sequence
showh below:

SSSS+GP[1]+GP[2] (8")+0"'+D
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At room temperature, hardening usually results from the formation
of GP[1l] zones by the localised clustering of copper atoms.

These form as discs, only a few atoms thick and are orientated
parallel to (001)a planes. Further ageing results in the number
of GP[1l] zones being increased, rather than their size which
remain at 3 to 5 nm in diameter. Fully naturally aged material

contains discs typically 100 nm apart.

At elevated temperatures (>100°C), GP[1l] zones are
replaced by GP[2] zones (6") which are usually about 15 nm in
diameter and 0.8 nm thick. Although their tetragonal structure
is coherent with the aluminium lattice, it is slightly smaller
than the aluminium unit cell in one direction, which leads to
elastic-coherency strains distorting the matrix planes in that
direction (212). Further ageing causes transformation to the
intermediate phase, @', which has thé same composition as the
equilibrium phase 0 (CuAl,) but is still §emi-coherent with the
aluminium matrix. The greatest strength is attained when the
maximum number of GP[2] zones are present and this is usually
augmented by some strengthening from the 6' precipitates.
Additional ageing leads to the evolution of the non-coherent
equilibrium phase (g) from the §' and is accompanied by a loss

in strength.

In a similar manner to 2XXX alloys, 7XXX series alloys
develop their strength, through ageing, by the formation of GP
zones and the evolution of intermediate and equilibrium precipitates.
The sequence of structural changes for these alloys is shown below;
SSSS+GP+n'+n
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The GP zones are approximately spherically shaped
segretations of zinc and magnesium atoms, which increase in size
with ageing time. There are some indications that they start
as zinc clusters and magnesium atoms diffuse to them at a
slower rate. The solute concentration in the zones can be as
much as 50% and leads to strengthening predominantly by chemical
hardening, where the increased resistance to dislocation move-
ment arises from the stronger atomic bonds existing in the

zones.

The intermediate phase n" (MgZn,) can form at these
GP zones, however, it is uncertain whether the zones are just
preferred nucleation sites or if the larger and more favourably
orientated zones transform directly to n', n' forms as
platelets, partly coherent on (111)a planes, den§iy populated

throughout the ¢ matrix.

Increased ageing leads to the formation of the
hexagonal, equilibrium phase n, which forms at or from the n'.
n can take one of nine orientation relationships with fcc

aluminium, the four most common of which are shown below:

(1010)n // (001)a
(0001)n // (llo)a
(0001)n /7 (111)

(1010)n // (11°)d
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The small misfit between n' and n and the matrix
means that large precipitates can grow before coherency is lost.
This can result in a well dispersed strain throughout the
structure and substantial strengthening. Peak ageing conditions
result in a microstructure with few GP zones and predominantly

n' precipitates.

At the same time as the homogeneous nucleation of GP
zones in the matrix, heterogeneous nucleation of both n' and n
can occur at "irregularities" in the structure, such as grain
and sub-grain boundaries and lattice dislocations. This has an
effect to reduce the attainable strength as the amount of solute
available for homogeneous nucleation is reduced, especially close
to the grain boundaries (212). The tendency to form large
precipitate free zones (pfz) around the grain boundaries, either
due to heterogeneous nucleation or by the grain boundary acting
as a vacancy sink, also leads to a degradation in stress corrosion
cracking resistance. Compositional changes and altersations in
heat treatment practice resulting in a narrower pfzs benefit
SCC resistance. These factors include increasing the alloy
content, the addition of precipitation nucleating reagents, the
raising of quenching temperatures and rates from the solution
treatement temperature and the lowering of the ageing temperature.
Modern ageing treatements involve either a 2 stage age or an
isothermal age with slow heating rates up to the ageing tem-
perature, Both techniques have been designed to produce micro-

structures with narrow pfzs.
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The duplex ageing technique.(213) involves a pre-age at a
temperature below the GP zone solvus temperature allowing the
nucleation of a large number of GP zones, many of which grow to
reach a critical size. During ageing at the second higher
temperature, these GP zones can transform to n' and n,
producing a fine dispersed structure of precipitates in the
matrix. Additionally, the GP zones that have attained the
critical size close to grain boundaries are not dissolved at

the higher temperature leading to a narrower pfz.

7XXX series alloys also contain elements such as
chromium and zirconium, which raise the recrystallisation
temperature in solid solution and favour the formation of fine
grains and sub grains (214 - 216). As a consequence of this,
the volume of the precipitate free zone is increased, however,
the thickness is actually reduced due to greater number of grain
and sub grain boundaries, The 7010 alloy contains zirconium,
‘rather than chromium, which forms as fine intermetallic
dispersoids with a structure approximating to ZrAl,. This has
a lattice parameter close to aluminium and is crystallographically

orientated to the matrix through the following relationship:

(001), // (oo1),

1,

lloola // [100]ZrAl

3
The advantage of using zirconium over chromium, is that it forms

dispersoids that are more coherent with the matrix and therefore

do not act as vacancy sinks. This makes the alloy slightly

less quench sensitive,
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4.4 MICROSTRUCTURAL .EVALUATION

For the two commercial aluminium alloys chosen for
this study 7010 and 2014A, the effects on short crack propagation
behaviour of precipitate type, size and distribution were examined.
This section describes the microstructures produced by the

processing route and the various heat treatments evaluated.

———— o - o ————

The compbsition of the 25mm thick plate of 7010 alloy
produced by Alcan is shown in table 4.1. The as-received grain
structure, which was maintained through all subsequent -solution
treatment and ageing, is shown in figure 4.2. The figure
illustrates the pancake shaped grain structure characteristic of
the manufacturing process. Typical grain size ranges in the

three sections were:

L : 100 pm + 1 pym
LT: 60 pm + 200 ym
ST: 10 ym » 40 pm (Average = 20 pm)

Three distinct microstructural variations were
produced for long and short crack fatigue testing. Primarily,
underaged (UA) and overaged (OAl) material with very similar
0.2% proof stresses were prepared to compare the effects of type
and size of precipitate. Furthermore, a commercial temper (OA2)
in the T7451 condition was examined. The heat treatment routes
involved for these three tempers are shown in table 4.2. The
final ageing times at 170°C, for the OAl and UA conditions, were
determined from ageing curves evaluated in terms of 0.2% proof

stress and hardness vs ageing time. These are shown in figure 4.3.
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Times of 1 hour and 20 hours were chosen for the UA and OAl
conditions respectively. This resulted, for both cases, in a
microstructure with a 0.2% proof stress of approximately 495 MPa
and a Vickers hardness of about 170 VHN. The 0.2% proof stress

of OA2 was taken to be 425 MPa (217).

A detailed examination of the three microstructures
was carried out using a Philips EM301 transmission electron
microscope. 3mm diameter thin foil specimens were prepared in
a Struers twinjet electropolisher, using a solution of 10% nitric
acid in methanol. With the solution at a temperature of =30°C,
a current of approximately 200 mA was required to polish the
specimens satisfactorily. Electron micrographs of the three

heat treated conditions are shown in figure 4.4.

Figure 4.4a reveals the precipitate size and dis-
tribution in the UA microstructure. It shows that a fine,
uniform precipitate, pfobably n', is present throughout the
matrix. Coarser MgZn, precipitates exist at the grain boundary,
which is boardered by a small precipitate free zone, less than
0.2 pm ih diameter. In comparison, the OAl microstructure,
figure 4.4b, exhibits fewer, coarser precipitates in the matrix.
As the microstructure is slightly overaged, it is thought that
a number of these may be the equilibrium precipitate, n, the
remainder being n'. As for UA, coarse MgZn, p;ecipitates
populate the grain boundaries. A further difference between
UA and OAl however, is the width of the pfz. For the latter
microstructure, pfz up to 0.5 pm in diameter were observed

(figure 4.4b).
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The commercial temper (QA2), figure 4.4c, shows considerably
coarser n and n ' precipitates in the matrix to either OAl or ua,
although the MgZn, precipitates at the grain boundaries appear

to be of comparable size. The uniformity and relative coarseness
of then andn ' precipitates is not only a consequence of the

long ageing time, but also due to the pre-stfdbh of 3% between the
solution treatment and ageing. This has the effect of encouraging
heterogeneous nucleation in the matrix on dislocations produced
during the stretch, This process may also stimulate precipitate
formation close to grain boundaries, which would help explain why

the pfzs around these boundaries are relatively narrow compared

to OAl.
4:4:2_______ 20144

The 2014A material was also produced by Alcan in 25mm
thick plate form. The composition of the alloy is shown in

.table 4.1. Typical grain structures in the L and ST directions,
(shown in figure 4.5) again reveal a pancake shaped microstructure,
with the long, flat grains elongated in the L direction (rolling
direction). Grain sizes in the three sections did not alter

noticeably during thermal processing and are shown below;

L : 100 pm + 300 pm
LT: 50 ym + 200 pm
ST: 10 ym ~» 60 pm (Average = 25 um)

For this alloy only 2 heat treatment conditions were
studied. Underaged (UA) and overaged (OA) microstructures with

similar 0.2% proof stresses were produced for fatigue testing.
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The heat treatment routes, displayed in table 4.2, show that

UA and OA only differ in final ageing times. These ageing
times were chosen from ageing curves produced in terms of 0.2%
proof stress and hardness (figure 4.6). Three ageing
temperatures were examined in terms of Vickers hardness (170,
185 and 195°C), before an ageing temperature of 185°C was chosen
for tensile and, ultimately, fatigue testing. Ageing times of
3 and 20 hours at this temperature produced material with 0.2%

proof stresses of approximately 425 MPa.

Thin foil specimens, for electron microscope
examination, were prepared in an identical manner to that
described previously in 7010. Figure 4.7 reveals the
differences in precipitate distribution and size for UA and OA.
The UA condition material (figure 4.7a) contains an even
distribution of very fine, matrix precipitates probably 6",
with coarser precipitates at the grain boundaries. In
addition, coarse spheres (or possibly discs), are present in the
matrix, approximately 0.1 pm in diameter. These spheres are
also present in the overaged condition, OA (figure 4.7b & 4.7c).
The fact that they have not become any larger or more abundant
after lowger ageing, suggests that these constituents existed
in the microstructure prior to ageing. The major difference
between UA and OA can be seen to be in the type of matrix
precipitate. In the overaged condition, the 8' and §
pfecipitates are in the form of rods, up to 0.1 um in length
and aligned parallel to the (100) planes in the matrix.
Furthermore, in both UA and OA precipitate free zones,approximately
0.1 pm across exist at the grain and sub-grain boundaries.
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ALLOY Zn Mg Cu Zr Fe Si Ti Mn Cr

Al

7010 6.2 2.35 1.7 0.13 0.15 0.12 0.06 0.10 0.05 R

2014A] 0.25 0.5 4.5 - 0.7 0.9 0.15 0.8 0.1 REM

EM

TABLE 4.1 Nominal compositions of 7010 and 2014A

CONDITION SOLUTION TREATMENT* ARTIFICIAL PRE-AGE+ FINAL AGEW 0.2% PROOF
+ WATER QUENCH STRETCH & AIR COOL & AIR COOL STRESS (MPa)

7010 UA 470 £ 5°C, 1 hour - 90°C, 8 hours 170 t 2°C, 1 hour 495

7010 0A1 470 t 5°C, 1 hour - 90°C, 8 hours 170 £ 2°C,20 hours 495

7010 0A2 465 t 10°C, 1.5+3.0% 172 ¢ 3°C,10+24 425

hoursX
2014 UA 505 ¢ 5°C, 1 hour - 185 ¢ 2°C, 3 hours 425
2014 OA 505 ¢ 5°C, 1 hour - 185 ¢ 2°C,20 hours 425

Solution treatment in an air circulating furnace and
followed by quenching into water at 20°C.

Pre-age in air circulating furnace.
Final age in thermostatically controlled o0il bath.

Material placed in cold furance and heated to temperature
at a rate not exceeding 20°C per hour

TABLE 4.2 Thermal processing routes used for 7010 and 2014A
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4.4 Transmission electron micrographs of 7010 alloy
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CHAPTER ' 5

ALUMINIUM ALLOYS = RESULTS

5.1 LONG, THROUGH THICKNESS FATIGUE CRACK BEHAVIOUR IN 7010

ResultsAfrom the long, through thickness crack testing
programme are shown in figure 5.1 in terms of a da/dN vs AK plot.
The figure contains data for the two microstructures, OAl and UA,
tested under constant load ratio (R = 0.1) and constant maximum

stress intensity (R > 0.1) conditions.

For the R = 0.1 tests, comparable growth characteristics
for OAl and UA were observed in the Paris regime, at AK values
greater than approximately 6.0 MPaYm. At lower stress intensity
factor ranges however, UA was considerably more propogation
resistant, displaying a higher thréshold stress intensity factor

range (AKt ). Values of AKt for OAl and UA of 2.7 MPa/m and

h

3.9 MPa/m respectively were obtained. The near-threshold

h

fracture surfaces of OAl and UA are shown in figure 5.2a and b.

In both cases crack propagationwas of a faceted, crystallographic,
transgranular nature. In many places, ridges were apparent,
running parallel to the crack growth direction. Furthermore,
slight changes in the orientation of the crack front were observed
where the crack tip had been deflected by microstructural
interactions, The distance between successive deflections was
typically 20+50 pm. At higher growth rates only the ridges
running parallel to the crack growth direction were visible,

however, fine fatigue striations were also observed (figure 5.2c).
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Figure 5.3 shows. examples of the near-threshold
fracture surfaces of UA etched in Pelloux's reagent. In certain
areas etch pits of a specific shape were produced. These were
generally of one of two shapes, either square based or triangular
based. The square based pits, shown in figure 5.3a and at the
top of figure 5.3b, were orientated so that the edge of the base
or the diagonal of the base was parallel to the crack growth
direction. It was not clear however, what the shape going into
the material bulk was. It is equally possible that they may
have been square based pyramidal or cubic pits. In the bottom
half of figure 5.3b, equilateral triangular based pits can be
discerned. Here, the crack propagation direction appears to be
close to the height of the base triangle. Similar shaped etch

pits were observed on fracture surfaces of OAl material.

Also shown in figure 5.1 are data corresponding to the
constant maximum stress intensity testing, At high values of
AK, the lines coincide with the R = 0.1 data for both OAl and
DA. As the propagation rates are reduced however, and the
load ratio starts to increase, the constant AKmax lines are
transposed to lower values of AK than the constant R-ratio tests.
The point of divergence depended upon the crack length and the
stress conditions operative, but for both OAl and UA it
corresponded to an R-ratio of between 0.2 and 0.3. Threshold
stress intensity factor ranges were reached by steadily
increasing the load ratio, so that eventually closure free
AK values are attained at an R-ratio greater than 0.8,

th
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A Kth values for OAl and UA obtained by this method were
determined to be approximately 1.4 MPaV/m and 2.0 MPa/m
respectively. Figure 5.2d4 and e show the near-threshold

fracture surfaces for OAl and UA. The crack paths were very

similar to those from the R = 0.1 tests (figures 5.2a and b).

5.2 ASPECTS OF SHORT CRACK GROWTH

In this section data are presented for short crack
growth in 7010 OAl to demonstrate the characteristics of
propagation behaviour. Figure 5.4a shows the data on a da/dN
vs AK diagram. In addition to the stress intensity factor
range axis, a further abscissa equates to the crack depth.

All the data contained in figure 5.4a have been derived from
one crack subjected to a maximum tensile stress on the top
surface of the specimen of 440 MPa and a load ratio (R) of 0.1.
The dotted line and triangular data points have been calculated
using the whole surface crack length.(2c) measured perpendicular
to the stress axis and assuming a semi-circular crack shape
(crack depth (a) to half surface crack length (c¢) ratio of 1.0).
At low growth rates corresponding to very short crack depths

(a < 100 pm), propagation has occurred in an discontinuous
manner. At higher propagation rates the degret of scatter

has diminished and growth is almost homogeneous.
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The two unbroken ‘lines and their corresponding data
points in figure 5.4a were derived from the same test data but
from considering growth in both directions from the initiation
site separately. Hence two lines can be drawn each representing
the growth of one crack tip. Although very similar to the line
describing the whole crack length (2c¢), distinctions can be
observed regarding the extent of the deceleration dips at short
crack depths. There are points at which the crack tip was held
up for many cycles at some type of obstacle, thus producing
growth rates too low to be plotted within the axes of this figure.
These large deceleration dips tended to be disguised when the
whole crack length (2c¢) was considered, as it is unlikely that
both crack tips would be arrested simultaneously. By monitoring
the growth of surface crack tips individually, a better repre-
sentation of the conditions of the crack tip at the bottom of
the crack in the material bulk can be made. The deceleration
'wells' occur at crack depths between 7 and 20 um (approximately
1.2 to 2.1 MPa/m) for this particular crack. Furthermore, less
pronounced dips persist to crack depths of about 50 pm, above

which more continuous growth takes over.

Although data presented in the form shown in figure
5.4a can describe the growth characteristics of one crack, it
would become increasingly complicated if additional data from
other cracks were included. A more appealing method of data

presentation to solve this problem is shown in figure 5.4b.

Here an envelope has been drawn around all the non-zero growth
rate data points in this case from six cracks in the OAl
microstructure.
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Such a method not only shows the degree of scatter associated
with short cracks from test to test, but also allows a means of
comparison, between different microstructures and stress

conditions to be based on data from a number of cracks.

Optical micrographs of the surface crack, described
by figure 5.4a, are shown in figure 5.5 at stages through the
fatique 1life. Although initially the crack tips are slightly
defelected away from the perpendicular to the stress axis,
figure 5.5c¢ shows that once the crack length is in excess of
approximgtely 100 pm the crack is virtually undeviated. The
figqures also show that initiation appears to occur at or close to
the dark feature ;. the centre of the micrographs. A similar,
though larger, initiation site is shown in figure 5.6a at higher
magnification through observation in the SEM. Fracture surfaces
of OAl are also shown in figure 5.6. Figure 5.6b, taken close
to the initiation site, reveals a similar crystallographic,
transgranular fracture to that of the near-threshold fracture
surfaces of long, through thickness cracks (figure 5.2a).
Distinct changes in crack tip orientation occur approximately
every 25 um. In higher propagation rate regions, about 500 pm
from the initiation site, the fracture surface takes a flatter,
but still transgranular, appearance (figure 5.6¢c). Broad,
evenly spaced fatique striations can also be seen by this stage

in the life.
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5.3 EFFECT OF AGEING-CONDITION ON SHORT CRACK

PROPAGATION BEHAVIOUR

The effect of changing the type and size of precipitate
on the short crack growth behaviour of 7010 was examined by
comparing the behaviour of the three ageing conditions, OAl, OA2
and UA at R = 0.1. Figure 5.7 displays data in terms of da/dN
vs AK and a for the three microstructures. In figure 5.7a,
characteristic behaviour, taken from data for one crack tip
growing in each ageing condition, is plotted for direct comparison
of variation in precipitate. Figure 5.7b considers the degree
of scatter associated with the data. As in figqure 5.4b,
envelopes containing all the results from a number of tests for
each condition have been drawn. In total the data comes from
6 cracks for OAl, 5 for OA2 and 2 for UA, For the sake of

clarity, individual data points have not been included.

The collation of the individual data in figure 5.7,
reveals that discrepancies exist between OAl, OA2 and UA over a
wide range of growth rates. Generally, an increase in the
degree of ageing leads to a degredation in crack propagation
resistance. Two crack depth scales are shown at bottom of this
plot, one corresponding to OAl and UA, the second to OA2. As
the latter condition exhibited a lower 0.2% proof stress than
either OAl or UA (section 4.4.1) and short crack testing was
still carried out at 0.9 x 0.2% proof stress, a lower maximum
tensile stress was used. Hence, the crack depth scale is
slightly displaced to the left with respect to the scale for
OAl and UA. Figure 5.7a shows that irregular short crack

propagation occurs in each ageing condition.
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For all the examples cited in the figure, only one minimum was
observed in each case, corresponding to complete, temporary crack
arrest. Other cracks studied however, had a number of arrests,

whilst some grew to failure without any complete arrest being

detected.

Fractographic studies close to initiation sites
revealed similar crack paths for all three ageing conditions.
(figures 5.6b, 5.8a, b). Indeed, the facted, transgranular
appearance of the OAl material described previously (figure

5.6b) was very similar to that of UA and OA2 (figure 5.8a, b).

5.4 EFFECT OF GRAIN ORIENTATION ON SHORT CRACK

PROPAGATION BEHAVIOUR

The elongated grain structure of the rolled 7010
aluminium plate allowed the comparisop to be made between two
different grain configurations. This was achieved by simply
?otating the specimen through 90° about the long axis.

Through this procedure, it was possible to induce cracking in the
LT direction of the plate, rather than the LS direction. The
two grain configurations are shown schematically in figure 5.9.
The influence this has on short crack propagation behaviour is
shown in figure 5.10 in terms of da/dN vs AK and a, for cracks

in 7010 OaAl. The specimens were subjected to a maximum tensile
stress of 440 MPa and a locad ratio = 0.1. Cracks were assumed

a/

to be semi-circular in shape (i.e. ¢ ratio = 1.0). The data
for the LS direction crack is that shown previously in figure

5.4a for one surface crack tip.
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The data for the LT direct;on crack in figure 5.10a is from

one crack with the two surface crack tips considered separately,
and is typical of the behaviour of the 5 cracks studied growing
under these conditions. The data for all 5 cracks are shown in
figure 5.10b, where an envelope has been drawn around the non-

zero growth rate data points.

Examination of fracture surfaces close to the initidlion
site (figures 5.6b and 5.11) indicates a similar transgranular
mode for both crack orientations. Differences occur however,
in the changes in crack path orientation with respect to the
propagation direction. Whereas for the LS direction crack
(figure 5.6b) these occur perpendicular to the crack propagation
direction into the bulk of the specimen, they occur in the LT

direction cracks perpendicular to the specimen surface.

5.5 EFFECT OF TESTING CONDITIONS ON SHORT CRACK
PROPAGATION BEHAVIOUR

The effect of changing the mean and maximum stresses
on short crack propagation behaviour was studied for the OAl
microstructure. The da/dN vs AK curves in figure 5.12
indicate the effect of R - ratio. The base line data at R = 0.1
(solid line) are those previously shown in figure 5.4a. The
additional data have been collected at a R - ratio of 0.25 and
represent measurements of the two surface crack tips of one
crack growing under these conditions. Both cracks studied growing

at R = 0.25 and op,, = 440MPa showed similar behaviour with growth

X
consistantly faster than the R = 0.1 cracks over the whole range

of crack depths followed.
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Attempts to obtain data for cracks growing at higher mean loads
proved unsuccessful, possibly because the stress range was too
small to cause initiation on the specimen surface within a

reasonable number of cycles.

Figure 5.13 shows the outcome of varying the maximum

tensile stress on the specimen surface, keeping the R - ratio

0.1, again for the OAl material. The da/dN vs AK plot shows no
data points, only envelopes containing all the data collected at
the different maximum stresses. The data for O ax = 440 MPa is
that already described in figure 5.4b. Additional data has been
collected from short crack testing at cmax = 500 MPa and 225 MPa.
Testing at the lower stress was accomplished by a load turn down
technique, as described in section 3.4.1 and consequently the
shortest crack from which data could be used was of the order

of 100 ym deep. Hernice only a limited number of data were
obtained. In total 7 cracks were studied for Oax 500 MPa,

6 for o = 440 MPa and 2 for ¢ = 225 MPa.
max max

5.6 BEHAVIOUR OF SHORT CRACKS IN 2014A

To complement the data for 7010, short crack testing
of OA and UA 2014A was carried out. The results are shown in
figure 5.14a on a da/dN vs AK plot with envelopes containing all
the non-zero growth rate data for the 4 cracks followed in OA and
7 in UA. The most notable difference between the two envelopes
is the better overall fatigue crack growth resistance of the UA
material over the whole of the stress intensity factor range

studied.
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In figure 5.14b -the behaviour of short cracks in the
UA and OA material is shown in detail. The da/dN vs AK plot
contains data for one crack tip from each microstruture
considered independently from the initiation site (omax =
380 MPa (UA) and 400 MPa (OA), R = 0.1). The data shows a
continued occurrence of growth rate minima up to approximately
100 pm in crack depth for UA. This was distinct from the OA
condition where propagation was almost continuous at crack
depths greater than around 50 pm. Figure 5.15 shows the near-
initiation site fracture surface of UA material, which was
typical of both ageing conditions. The crystallographic,
transgranular appearance was similar to those of the 7010 alloy
shown in figures 5.6b and 5.8a. Surface micrographs of a UA
crack through the fatigue life (figure 5.16), reveal that
initiation occurred from or close to a constituent particle at
a grain boundary, and initial growth was along slip bands.
Figure 5.16d showing the crack approximately 800 pm in total
surface length, indicates that a fairly undeviating path is
initially taken, with more pronounced crack tip deflection only
occurring at slightly larger crack lengths, hence, significant

crack propagation rate minima are more apparent at higher

values of AK.
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CHAPTER 6

ALUMINIUM ALLOYS - DISCUSSION

6.1 BEHAVIOUR OF LONG, THROUGH THICKNESS CRACKS

At a load ratio of 0.1 the long crack fatigue
behaviour shows the commonly reported trend of higher threshold
stress intensity factor ranges at lower near-threshold crack
propagation rates in UA material than in OAl material
(figure 5.1). The threshold values obtained, 2.7 MPa/m
(oAl) and 3.9 MPa/m (UA) are in good agreement with those
quoted in the literature. For the similar high strengh, 7XXX
series alloy, 7075, Lankford (145) reported a threshold of
3.8 MPa/m for an underaged microstructure and Suresh et al (21)
recorded values of 3.7 MPa/m and 2.6 MPa/m for underaged and
overaged material respectively. The faceted nature of the
near-threshold fracture surfaces - of both 0OAl and UA (figure
5.2a, b) suggests that there will be a significant asymmetrical
shear component in crack tip deformation. The degree of
mismatch between opposing crack faces that this introduces,
coupled with the low load ratio, implies that there will be a
significant contribution to the threshold values from crack
closure effects (3). Tﬁis is shown schematically in figure

6.la.

The threshold stress intensity values obtained from
constant Kmax testing will be free from roughness and oxide
induced crack closure effects due to the larger crack openings

involved.
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During the approach to threshold, as the propagation rates

are slowly reduced through the testing procedure, the minimum
stress intensity (Kmin) is gradually increased to a point where
the crack faces are kept apart over the whole locading cycle, so
removing any effect of these closure modes (figure 6.1b).

Since the fracture surfaces indicate that the mechanism of crack
propagation is the same as at R = 0.1, the R > 0.8 threshold
values can be taken as intrinsic material thresholds and will
thus be equal to the effective crack tip stress intensity ranges
(Axeff) at threshold in the R = 0.1 tests. The measured values
of 1.4 MPa/m (OAl) and 2.0 MPaym (UA) are again in good agree-
ment with those quoted in the literature. Suresh et al (21)
reported closure free thresholds in overaged and underaged 7075

of 1.2 MPa/m and 1.7 MPa/m respectively.

The fact that superior near-threshold crack propagation
resistance persists for the UA material at R > 0.8, suggests
that the difference between threshold stress inté%ity factors
ranges of UA and 0OAl at R = 0.1 is.partly due to the UA materiafs
inherent resistance to propagation as well as to any mechanical
effects, such as crack closure. Greater roughness and oxide
induced crack closure is normally associated with underaged
microstructures due to a more intense slip distribution, which
promotes more angular and rougher fatigue facture surfaces
(20, 21, 23, 70, 90, 91, 94). The near-threshold fracture
surfaces reported for UA and OAl, shaewn in figure 5.2, however,
are very similar. This may be a consequence of the ageing
times chosen for OAl and UA, both being quite close to that for

the peak aged condition (figure 4.3).
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A more definite difference.in fracture surface appearance and
in propagation behaviour might have resulted from considering
microstructures which were more markedly underaged and more

heavily overaged, but with the same 0.2% proof stresses.

A material's intrinsic resistance to fatigue crack
propagation, such as proposed by Hornbogen and Zum Gahr (92), is
based on the relative number of dislocations able to reverse,
during unloading, on the same slip bands as they moved away from
the crack tip on loading. In underaged microstructures, where
deformation occurs heﬂ?ogeneously, few dislocations are removed
from their original slip bands through cross slip and little
overall crack tip damage results. As such a mechanism would
still be expected to operate at high locad ratios, it may be a
useful tool in explaining the difference in near-threshold crack
propagation behaviour of UA and OAl. The mode of deformation
however, also determines the fracture path and as the fracture
surfaces of OAl and UA are very similar (figure 5.2), this
type of model may not account for all the observed differences

between the ageing conditions.

A further mechanism (89) proposed that the dispersoid
mean free path can control the near-threshold fatigue behaviour
of aluminium alloys, through the .refinement of the slip length.
This suggestion was based on the observation of fatigue
characteristics of two aluminium alloys, one produced by

conventional ingot metallurgy and the other by a powder technique.
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Although the alloys had significantly different grain sizes
their fatigue behaviours were comparable and this was attributed
to their similar mean free paths between dispersoids. In the
present study, the spacing between Zral, dispersoids would not
be expected to change appreciably through the ageing process.
Hence any effect on fatigue crack propagation properties through

this process would be absent.

At high propagation rates away from the near—tﬁ%shold
region, growth becomes more continuous and the effect of micro-
structure plays a less significant role. It has been suggested
(3, 92, 107) that the transition, from microstructurally sensitive
to microstructurally insensitive growth, occurs when the plastic
zone size ahead of the crack tip becomes equal in size to the
controlling microstructural dimension of the material. This
would be consistent with the slip reversibility model proposed
by Hornbogen and Zum Gahr, as once the plastic zone size
encompasses many grains slip becomes more homogeneous, due to the
effect of the grain boundaries, and microstructural influences

are less pronounced.

Yoder et al (103-107) have suggested that these
transitions will be sharp on the da/dN vs AK plot. Furthermore,
they suggest that not only will they appear when the plastic
zone size equals the grain size, but also, for 7XXX series
aluminium alloys (107), when it reaches the subgrain size and

the mean free path between dispersoids (figure 2.13).
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Yoder et al used the following equation to calculete the size
of the plane strain reverse plastic zone size ahead of the

i 218
crack tip (rrpz) ( )

20

= a [A K] 2 cesescsasecenss 6.1
14

r
rpz

where Gy = monotonic yield strength of the material and a =
0.132. The expression was based on Rice's demvation (109) from

the monotonic plastic zone size (rmax) (219).

r = 1 [K ]2
max - max
(% P

Y

cecsssesssesress 6.2

with the maximum stress intensity (Kmax) being replaced by AK
and the yield strength (oy) replaced by 2cy to account for
Yielding within the plastic zone in both tension and compression.
Hence, Rice's equation for the plane strain reverse plastic
zone size could be defined as:
= 2 eeseessassnsese 6.3
e TL [
Tlagy
The constant at the front of Yoder's expression (equation
6.1) was devised experimentally by Hahn et al (218) and, as

such, differs to that prediced by theoretical calculations

(equations 6.2 and 6.3).
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Equation 6.1 can be used to establish where
transitions should be seen for the R = 0.1 data for 7010 0OAl and
UA (figure 5.1) according to Yoder et al. If an average grain
size of 20 ym is taken for both microstructures and cy = 495 MPa,
the transition when the reversed plastic zone size equals the
grain size should occur at a AK of 12.2 MPa’m. Similarly, if the
average dispersoid spacing is assumed to be similar to that
determined for 7075 by Bucci et al (110) (i.e. ~0.7 pm), the
transition when the reverse plastic zone size equals the mean
free path between dispersoids should occur at a AK of 2.3 Mpa/m.
Clearly, no transition is possible at the latter AK as it is below
AKth for both OAl and UA at R = 0.1. Insufficient data in the
region between AK = 10 MPa’m * 16 MPa’m means that the former
transition point can not be verified. However, the smooth
nature of the curves in figure 5.1 suggests that the positioning
of any transition would be speculative. Furthermore, the
accurate interpretation of any transitions would be difficult
because of the large number of varying plastic zone size
equations quoted in the literature (e.g. 109, 180, 218, 219).

Due to variations in grain size in the ST direction (10*40 um)
of the 7010 alloy and to the fact that at any one time the crack
front will be at grain boundaries in some grains at within
grains of other points, means that the transition from structure
sensitive to insensitive growth would be expected to occur over

a range of AK.
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The determination of crack path in the near-tﬁéshold
region from the shape of etch pits (figure 5.3), reveals that
fracture occurred on either {100} planes (square based cubic or
pyramidal pits) or on {111} planes (triangular base pyramidal
pits). The presence of areas containing irregqular, undistinguish-
able etch pits however, indicates that the fracture path was not
always close to a low index plane. In general, the direction of
propagation was difficult to determine accurately, though it
appeared to be between <100> and <110>. Both the fracture plane
and the direction changed from grain to grain due to the

crystallographic misorientation about grain boundaries.

Previous research (25, 111-114), 116) has highlighted
a variety of possible failure mechanisms in 7XXX series alloys
and other aluminium based alloys, including fatigue on {100},
{111} and {110} planes. 1In some studies (e.g. 114) it was
concluded that growth was not confined to a single crystallographic
path, but fluctuated from grain to grain as is the case in this
study. The majority of evidence indicates that restricted slip
mechanisms are responsible for failure along {100} or {1lll}planes,
generally in <110> directions (25, 93, 111, 112, 113). Other
workers, however, have reported fracture on {110} planes (114, 116),
though the results produced by Nix and Flower (116) were influenced
by the strong texture of their 7010 alloy, which produced higher

tensile stresses in {110} planes than on {100} planes.
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Garrett and Knott (112) have demonstrated using a simple
dislocation model, that crack advance would be more energetically
favourable on {100} planes rather than on {110} planes in fcc
metals, and that the resulting fracture surface would be
consistent with the 'cleavage like' fracture commonly observed.
The authors did emphasize however, that in commercial alloys the
effect may be inhibited leading to fracture on both {100} and

{110} planes.

6.2 ASPECTS OF SHORT CRACK GROWTH

The irreqular growth of short fatigue cracks,
similar to that presented in figure 5.4a for OAl, has also been
reported for other 7XXX series alloys (148, 149, 161-164, 174, 176,
207) and in a 2XXX series alloy (174). In all cases the dis-
continuous growth characteristics have been associated with
microstructural effects and‘eSpecially the interaction between
': the crack tip and grain boundaries, or rather the relative
Erystallographic orientations of adjoihing grains. The dips or
crack growth rate minima shown in figure 5.4a occur between
crack depths of 7 pm and 50 pm. As the grain size in the
direction of crack growth at the bottom of the crack (i.e. ST
direction) is in the range between 10 and 40 um and averages
about 20 um, it is possible that the crack tip may be held up
at the first or second of these microstructural barriers.

This view is supported by the appearance of the fracture surface
close to the initiation site (figure 5.6b) which shows the crack

tip changing direction around grain boundaries.
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It has been repoFted in the literature (148, 149)
that the interaction of the crack tip, or the plastic zone ahead
of the crack tip, with the grain boundary causes these decel-
erations in propagation rate, as slip across the interface is
impeded. Growth into the adjoining grain is difficult until a
mature plastic zone has been generated in it. The ease with
which this occurs will depend in part, on the relative orientation
of the neighbouring grains. Hence, the incubation time at the
grain boundary will be longer, when the crystallographic
orientations of two touching grains are very different and when
the plastic zone size is small. In addition, Morris and co-
workers (161-164) have conéidered that crack closure stresses
are important. These they calculated would be at their largest
value when the distance between the crack tip and the next grain
boundary was the greatest. As this condition is satisfied when
a crack just enters a new grain, retardation close to a grain

boundary would also be observed.

The effect of microstructure on longer cracks
(greater than 100 pm for example) seems to be less pronounced and
almost continuous growth results. By this depth, the crack tip
samples between 5 and 25 grains around the crack perimeter and
hence overall measured growth rates become more homogeneous, as
any crack tip: grain boundary interactions, which temporarily
reduced local propgation rates, are averaged out around the crack

periphery.
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This suggestion assumes that'the measured surface crack growth
rates are influenced not just by the local microstructure at or
just beneath the surface, but also by the microstructure around
the crack front. Support for this is shown in figure 5.16 which
shows a crack in 2014 UA at various stages through the fatigue
life. Both crack tips show crack deflection before the first
grain boundary is reached. These deflections were accompanied
by deviations in crack propagation rate and could be associated
with crack tip : grain boundary interactions at points around

the crack front.

In the region of continuous growth rates when the
crack depth >100 pm, the maximum plastic zone size is larger
than the grain size of the material. The condition for
compatible deformation, of slip on five independent slip
systems, is satisfied and as growth is no longer confined to
individual {111} planes, an easier path for propagation from

grain to grain is achieved.

6.3 EFFECT OF AGEING CONDITION ON SHORT
CRACK PROPAGATION BEHAVIOUR

The da/dN vs AK plots showing short crack behaviour
in 7010 (fiqure 4.7a and b) and 2014A (figure 5.14b) reveal that
the effect of ageing is similar to that reported for long cracks
in section 6.1. A deterioration in short crack propagation
resistance accompanies an increase in ageing time. This effect
is further emphasized by the data for 0A2 (figure 4.7a and b) which
shows that the more heavily overaged, commercial temper exhibits

worse propagation resistance than OAl.
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The fact that this trend fo; OA2 continues up to crack depths

in excess of 500 pm, is an indication of the inferior crack
propagation resistance of this material even for long cracks

in the Paris region. Further evidence to support this is also
shown in figure 5.7a by the available long crack data quoted in
the literature (215). These data are for crack propagation in

100 pm thick plate at an R-ratio = 0.1.

These observations, plus the similarities between
the fracture surfaces of the three ageing conditions for 7010
(figure 5.6a, 5.8a and b) and the two for 2014A (figure 5.15),
suggest that extrinsic effects, such as crack closure, will only
account for a portion of the variation in propagation behaviour.
It appears that phenomena specific to a particular microstructure
are also important. For instance, the degree of slip
reversibility in the plastic zone ahead of the crack tip, as
has been discussed in section 6.1. The fact that for
relatively long cracks (>500 pm) growth is almost continuous and
the propagation behaviour of each of the microstructures is more
comparable, is also consistent with Hornbogen and Zum Gahr's
model (92). Slip becomes more homogeneously distributed through
the microstructure when the plastic zone size (r) ahead of the
crack tip is larger than the grain size (d). Hence a change in
propagation behaviour, marking the end of microstructurally short
crack growth, should occur when r ~d. A similar transition is
seen for long cracks from microstructurally sensitive to
insensitive crack growth at this point, as has been discussed

in section 6.1.

- 140 -



The transition however should be more apparent for short cracks
as the number of grains being sampled by the crack tip is

considerably smaller.

Calculations to determine plastic zone sizes have
been evolved through theoretical arguments (200, 219) and
subsequently modified through experimental evidence. (159, 180,
218) . In addition some authors claim that the important
dimension 1is the maximum plastic zone size (180) while others
consider that the reverse plastic zone size is a more appropriate
correlator (103-107). In plane strain, equations 6.2 and 6.3, can
be used as approximations for the maximum plastic zone size
(rmax)' based on Irwin(s original calculations, and the reverse
plastic zone size (rrpz)' subsequently determined by Rice (109).
Equation 6.1 was experimentally derived by Hahn (218) who found

1/6ﬂ.

that a value of o = 0.132 fitted his data more closely than
More recently, Davidson and Lankford (220) have shown, through
electron channeling measurements, that a = 0.7 for long and short
cracks in a 7075-T651 aluminium alloy. These equations are
represented in table 6.1 (equations 6.1 - 6.6) together with
calculations of AK when r~d for the various microstructures of
7010 and 2014. Also included are the values of AK where
continuous, unintq@upted growth is first observed for 7010 UA, 0Al
and OA2 (figure 5.7a) and 2014 UA and OA (figure 5.14b). The
table suggests that the stress intensity factor ranges at the
transitions appear to lie between the AKs predicted by equations

6.2 and 6.4, which are both based upon the maximum plastic zone

size.
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Irwin's equation (equation 6,2) consistently overestimates the
observed transition, while the equation used by Yoder et al
(equation 6.4) often leads to underestimations. Although the
position of the transitions shown in figure 5.7a and 5.14b may be
subject to movement due to the experimental scatter associated
with short crack behaviour, their correlation with the equations
based on the maximum plastic zone size is significant, for it may
mark the end of the microstructurally short crack regime. Deeper
cracks grow more homogeneously and, the affects of the local
microstructure of the crack tip are diminished. Any difference
between the growth behaviour of these cracks and long, through
thickness cracks should be in the closure contribution, which

will increase with crack depth.

The data contained in table 6.1 also indicate that the
observed behaviour corresponds to some extent with Davidson and
Lankford's analysis for the size of the reverse plastic zone,
which was based on experimental evidence of cracks growing in a
7075-T6 alloy. Their equation (equation 6.6) differs dramatically
to the majority of other analyses based on experimental obserations
(e.g. equation 6.1 (103-107,218)) and to those based on theoretical
arguments (e.g. equation 6.3 (109)). The sizeable dissimilarity
between these studies suggests that further verification of
Davidson and Lankford's model is required before it can be

broadly accepted.

- 142 -



Differences in propagation behaviour between 7010
and 2014A are difficult to assess due to the relatively large
degree of scatter associated with short crack propagation data.
Both show similar short crack growth characteristics, with the
OA material exhibiting worse propagation resistance and the
establishment of continuous, uninterrupted growth at short
crack depths. Initiation in both alloys was seen to occur
from or near constituent particles, however the presence of
larger particles in the 2014A alloy meant that initiation
resistance was generally poorer in this alloy. Overall
propagation rates for both alloys were seen to be similar
(figures 5.7b and 5.14a), which may be a result of a number of
contributing factors. For instance, grain size, precipitate

size, type and distribution and texture.

6.4 COMPARISON OF LONG AND SHORT CRACK BEHAVIOUR

e e D e T G e D e > o —— - . . - - - — - - - - - —

A comparison of the long and short crack proébation
behaviour can be made from figure 6.2, which contains the long
and short crack data for 7010 OAl and UA. It is apparent that

below crack depths of approximately 400 pm short surface cracks
grow at faster rates then corresponding long cracks under

similar nominal stress intensity conditions. Although the
irregular nature of growth has been generally interpreted in
microstructural terms, the causes of accelerated growth, below
long crack threshold values, are less well defined. The results
of this study suggest that differences in closure contributions
are at least in part responsible.
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Similar conclusions have been made by others (47, 148, 159, 187)
who consider that due to a smaller closure contribution for short
cracks, enhanced propagation rates are observed under similar

applied driving forces.

The initial work by Chan and Lankford (148, 159) showed
that crack tip opening displacements (CTODS) were larger for short
cracks than for long cracks in a 7075-T6 alloy. They suggested
that a change in stress state, from one of plane strain for long
cracks to one of plane stress for short cracks, was responsible
for the broad plastic strain range ahead of the crack tip which
caused the larger CTODS and resulted in faster propagation rates.
If the size of the maximum plane stress plastic zone at the tip
of a short crack growing on the surface of a slab is assumed to
extend into the material by the same distance before plain strain
conditions prevail, an approximation of the extent of the plane
stress region can be made. According to Irwin the maximum plane
stress plastic zone size (rmax) can be calculated for a surface

: ~ re
crack from the yield strength (cy) and Kmax (~1.12 Umaxvﬂa whe

g = max stress and a = crack depth) by:
max
r =1 [ K ]2 cececscsesscsassese 0.7
max = max
27 -
Y
x
= 0. dh max «~ 0.5.
In the present study Onax 0.9 oy an ence 2 5

Dugdale (221) however, proposed that for high applied stress
situations the maximum plastic zone size could be better

described by:
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rmax = a [sec [ﬂcmax]] -1 cresssccsensss 6.8
20
Y

. r
and thus if Omax/oy = 0.9, max ~5.4. In these circumstances
a

short cracks would grow under plane stress conditions even at the
deepest point of the crack. Brown, King and Hicks (47) have
recently considered that this large maximum plastic zone size
coupled with a small reverse plastic zone size, caused by a lack
of gross reverse yielding on unloading, would simulate testing.
at a high load ratio. Hence growth would appear to be closure
free and higher propagation rates would be observed. For their
Ni-base superalloy it was calculated that short crack growth at
R = 0.1 corresponded to long, through thickness crack growth at
R ~0.65. The results shown on figure 6.2 appear to support
Brown et al's theory, with very short crack data (a < 20 pm)

lying close to high R - ratio, closure free, long crack lines.

A further consideration concerns the generation of
irregular fracture surfaces which promote both roughness-induced
and oxide-~induced crack closure. For a crack only one or two
grains deep, it is likely that minimal mode II displacements,
coupled with the relatively planar fracture surfaces, would
produce little or no closure and the crack would effectively grow
at a high R - ratio (187). As the crack advances however, an
increasing closure contribution by these means would result,
thereby effectively reducing the load ratio. Eventually the
long and short crack data should meet when the effective load
ratio for the short cracks is reduced to a level which allows the
same range of AK to be experienced at both the long and short

crack tips.
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The fact that little short crack data have been collected below

the long crack R = 0.8 lines is not significant in terms of non-
closure arguments. The high stress levels required for initiation
in the smooth bar, short crack specimens, coupled with the
observation that initiation commonly occurred for these high
strength aluminium alloys from inclusions up to 15 pm deep, meant
that it was not possible to collect data corresponding to very

low AKs.

So far correlations between long and short cracks have
been made in terms of linear elastic fracture mechanics (LEFM).
As a number of studies (e.g. 5, 127, 180) have highlighted
however, LEFM is, in theory, not applicable to the short crack
situation due to the violation of the concept of similitude.
LEFM is generally only appropriate if the maximum plastic zone
size ahead of the crack tip (rmax) is small (typically <0.07a
(5) ). According to Dugdale (221) for high stress situations
rmax ~5.4a, considerably greater than 0.07a. Even if plane
strain conditions are assumed to operate at the tip of a crack
subjected to high maximum stresses (equation 6.2) ¥ oax ~0.5a.
To overcome this problem, some authors have attempted to use
elastic-plastic fracture mechanics (EPFM) (e.g. 127, 183, 184).
Although long and short crack data has shown more correlation,
difficulties are still apparent, especially when the non-

continuum nature of short cracks is considered.
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The AK scales used in this work to describe short
crack growth, are intended mainly for comparative purposes for
use with long crack data. For very short cracks this scale will
be inappropriate, however, the good correlation between the long
and short crack lines in figure 6.2 above the points of con-
vergence, indicates that the use of LEFM is justified in this

region.

Even though similitude concepts are violated, some
authors (172, 174) have demonstrated that LEFM can describe cracks
down to very small crack depths, if the effective stress intensity
factor (AKeff) is used. Tokaji and al (172) consider the
minimum crack depth to which LEFM can be used simply to be 3x
grain diameter. Above this depth it was théught that AKeffcan
adequately describe short crack growth while the crack closure
contribution associated with such cracks increases.

Similarly Blom and al (174) predict, using a modified Kitagawa
diagram (figure 2.25), that the critical crack depth (a;),
representing the border between true short crack and long crack

behaviour, can be calculated from the following equation:

= 2 seesecenroesecscso s .
a, 1 AKeff,th .o 6.9
Ac.
(o}
where AKeff,th effective threshold AK and Aco = endurance

limit. For 7010 ©0OAl can be assumed to equal AKt from

OKegf, th h

the constant K _  tests (i.e. 1.7 MPaym). 1If Ao, ~ 200 MPa (215),
then a, . 23 pm which approximates to the grain size in the crack

direction.
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At these crack depths, propagation behaviour is still heavily
dependent on local microstructural features at the crack tip and
the use of LEFM, even with closure contributions taken into
account, still causes problems due to the discontinuous crack
tip deformation behaviour. Further work is still required to

model short crack propagation accurately.

Changes in testing frequency have also been suggested
to be a cause for differences in propagation behaviour in high
strength aluminum alloys (26). In the work of "'vasudévan #
Bretz (26), an order of magnitude increase in frequency reduced
long crack propagation rates. This was attributed to a build
up of a thicker oxide layer on the fracture surfaces, therefore
increasing crack closure contributions. The smaller increase
in frequenéy between the short and long crack work reported here
(10+50 Hz), coupled with the relatively un-reactive testing
environment, was not thought to influence propagation behaviour
signficantly, especially in view of the good equivalance of the
short and loﬁg crack lines in figure 6.2 above the point of

convergence.
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The point of convergence of the short and long crack
lines in figure 6.2 is of particular importance to the engineer,
as it indicates the stress intensity factor range above which it
can be considered 'safe' to use conventional LEFM characterisa~-
tions in design. However in using this data one may have to
assume that cracks longer than the crack depth at the point of

convergence are already present in the material.
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Such a design philosphy is updesirable for critical aerospace
applications where strict weight restrictions are imposed.
Unfortunately, it is in this type of high stress application

where problems associated with short cracks may arise.

In figure 6.2 the point of convergence for both 7010
0OAl and UA occurs by a AK ~ 9.0 MPa/E, corresponding to a crack
depth of approximately 400 pm for the short cracks. For cracks
greater than this length almost continuous growth is observed.
Both de Lange (147) and Taylor and Knott (151) have indicated,
for a variety of materials with different grain sizes, that
uninterrupted growth occurred after cracks reached approximately
10 X grain size (d). 1f the average grain size in the ST
direction of 7010 is assumed to be approximately 20 um,
reasonable agreement with these studies is seen. These
observations however, are based purely on microstructural
findings and therefore do not consider the micromechanical

aspects of short crack growth.

Other characterisations of thé short : long crack
transition are based on the size of the plastic zone size ahead
of the crack tip. Lankford (180) for example has predicted that
the transition should occur whén the maximum plastic zone size
(rmax) equals the microstructural dimension. If plane strain
conditions are experienced at the crack tip of the deepest point
of a crack, the AK of which the short and long, through thickness

crack lines should merge can be obtained from table 6.1.
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Comparison of the various eguations describing the maximum
plastic zone size (equations 6.2, 6.4 and 6.5) indicates that
the observed point of merger for 7010 0Al and UA is best
described by Irwin's calculations (equation 6.2), i.e.

8.7 Mpa/m.

The equivalence of the long and short crack data
above the point where they should theoretically merge is not
exact. The choice of K solution, the effect of crack shape
and specimen thickness considerations can all influence the
relative positioning of the data and thus make comparisons

more difficult.

6.5 EFFECT OF GRAIN ORIENTATION ON SHORT
CRACK BEHAVIOUR

The consistently faster propagation rates reported
for semi-circular cracks up to approximately 100 pm deep growing
in the LT direction compared to those growing in the LS direction
(figure 5.1la and b) can be partially explained by considering
arguments based on grain size effects. If the effective grain
size is regarded as the grain size in the direction of growth at
the deepest point of the crack (i.e. a, figure 5.10), the LT
cracks would be expected to exhibit inferior short crack
propagation behaviour due to their larger effective grain size.
The anisotropic microstructure (figure 4.2b and schematically
figure 5.9) results in an effective grain size in the LT

direction approximately twice that in the LS direction.
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Studies of the effect of grain size on short crack behaviour
(166-169, 172, 47) argue that the detrimental effect of
increasing the grain size is a result of less frequent crack tip

interactions with grain boundaries.

The whole issue of grain size effects is further
complicated for 7010, as here surface crack behaviour is being
observed and assumed to describe conditions at the deepest point
of the crack. This premise may be justified for equiaxed micro-
structures, however, the anisotropic nature of the 7010 micro-
structure may make such an assumption invalid. As had been
discussed previously however, surface observations have revealed
that deceleration and crack tip deflection can occur away from
grain boundaries, suggesting that surface crack behaviour is
affected by subsurface crack tip : microstructural interactions.
Similar observations have been made by others (148, 149, 172),
though the fact remains that in attempting to relate surface crack
measurements to the behaviour at the deepest point of the crack,

actual crack tip effects are somewhat obscured.

For microstructurally short cracks, grain configur-
ation will be important in determining crack shape. The grain
shape encountered by cracks growing in the LT direction may
encourage growth into the specimen interior while inhibiting a
propagation at the surface, due to the greater density of grain
boundaries. Such a hypothisis would lead away from a semi=-
circular crack shape to one with a higher a/c ratio and may cause
further disparity between the data for LS and LT cracks in figure
5.11. This effect of crack shape is discussed in detail in

Chapter 10.
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6.6 EFFECTS OF TESTING CONDITIONS ON SHORT CRACK

PROPAGATION BEHAVIOUR

The implications from the two different R - ratio
short crack tests (figure 5.12) are that, in a similar way to
long, through thickness cracks, an increase in R - ratio increases
fatigue crack propagation rates of short cracks. This obser-~
vation may be expected for 'long' short cracks, greater than
approximately 200 um deep, where propagation is more uniform and
the effects of microstructure are less pronounced, For micro-
structurally short cracks, <200 um deep, however, this
behaviour is slightly more surprising if it is assumed that these
cracks are effectively growing under closure free conditions. as
has been suggested by Brown et al (47). Similar behaviour has
been reported by Gerdes et al (166) who studied high and low
R - ratio short crack behaviour in a binary o titanium alloy
(Ti-8.6A1). Their results were used later (180) to show that
closure effectswere still important for microstructurally short
cracks. It is interesting to note that, as with Gerdes et al's
results (166), a better correlation between the two R - ratios
is obtained when compared in terms of Kmax instead of AK.
(Eigure 6.3). More data at a higher R - ratio is required to
substantiate this correlation, however, such data is difficult to
obtain for this alloy under these testing conditions, To
achieve initiation on a smooth specimen surface necessitates a
large stress range which may require cycling with O ax Jreater

than the yield stress of the material for high R - ratio tests.
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The effect of vaFying the maximum tensile stress
whilst keeping the R - ratio constant at 0.1 is shown in figure
5.13 for 7010 OAl. The figure indicates that little diference
in propagation behaviour is apparent considering the degree of
scatter associated with this type of testing over the range of
AK studied. This implies that LEFM can be applied to obtain
base data for an engineering application, if a suitable K
solution is employed, even though in theory the conditions for
use are violated. As a consequence of the experimental scatter
associated with short crack data, however, the worst possible
situation must be considered from a design standpoint.
Furthermore, data for the cracks subject to Omax 225 MPa
were not collected below crack depths of approxiamtely 50 pm.
It is in this region that microstructural effects will be most

apparent and where changes in omax may have the greatest effect

on short crack propagation behaviour.
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) 0.2% proof AK calculated (MPaym)
. Average grain AK_ observed
Microstructure size (pm) stress (oy) T
A K AKX K AK

(MPa) (MPa/x_n-) KTI a T2 T3 A Tl* Ts
7010 UA 20 495 7.8 8.7 19.2 5.5 12.2 2.5
7010 oAl 20 495 4.5 8.7 19.2 5.5 12.2 2.4
7010 OA2 20 425 5.8 7.4 16.3 4.7 10.3 2.0
2014 UA 25 425 6.4 8.4 18.5 5.3 11.7 2.3
2014 oA 25 425 4.4 8.4 18.5 5.3 11.7 2.3

TABLE 6.1 Calculations for AKX at the transition from intermittent to continuous, uninteﬁbpted short

crack growth (AK T) based on the size of the plastic zone ahead of the crack tip.
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i = . [ ] - = . [ ‘2
AKTS (equation 6.5) rmax 0.7 KmaXT 2 AKTG (equation 6.6) rrpz 0.7 %g
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Schematic illustration of crack faces for long,

through thickness cracks at K and K ,
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CHAPTER "7

TITANIUM ALLOYS -~ MATERIALS

7.1 INTRODUCTION

The demand from the aerospace industry for materials
with good specific strength has been the stimulus for titanium
alloy development in recent years. Apart from this excellent
strength : weight ratio (density = 4.51 g/cma), these alloys
possess a number of other attractive properties to the aerospace
design engineer. These include good corrosion resistance and
creep resistance up to about 600°C in certain alloys. A
limiting factor however, is their high fabrication costs
relative to alternative materials. These arise from the
sophisticated melting and fabrication techniques required and
because scrap produced during manufacture can not be readily
recycled.

This chapter considers the metailurgy of titanium
and it's alloys and includes a brief resumé of the development
of the alloys involved in this study. Finally, a micro-
structural analysis is presented for the alloys in their heat

treatment conditions for fatigue testing.
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7.2 ALLOY CLASSIFICATION

Pure titanium exists as its hexagonal close packed,

a phase up to 882°C. At this temperature it undergoes an
allotropic phase transformation to 8 (body centre cubic), which
remains stable up to the melting point at 1668 + S°C. Alloying
elements are characterised by their ability to stablize either
the a or B phases and to change the size and extent of the (a+B),
phase regions. Commercial alloys are classified as either o,
(a+B), near a, or B alloys depending on the predominant phase
present and ultimately on the alloying additions .(222-224).

The complicated phase diagrams that result are considerably
simplified by referring to pseudo-binary equilibrium diagrams
which show the effect of type of stablizer on the stable phases.
Figure 7.1 schematically shows the three types of pseudo-binary

phase diagrams that exist.

Elements that dissolve preferentially in the o phase
and so raise the a+B transformation temperature (B transus), are
known as o stabilizers. Al, O, N and C are the predominant
elements in this group. Figure 7.la shows the pseudo-binary
phase diagram for this type of addition. The a, phase is
Ti,Al. Some elements, such as Sn, Zr and Si, also strengthen

the o phase, but are equally soluable in both a and 8 phases and

therefore do not appreciably alter the 8 transus temperature.
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The most notable.B-isomorphous additions are V, Mo
and W. These elements have limited o solubility and reduce the
B transus temperature with increasing concentration, widening
the (a+B) field. (Figure 7.1b). Mo and W have the most
marked effect, though due to its high density, tungsten is rarely
used as it can lead to problems in alloy fabrication. Vanadium
is also a popular addition, although it is less effective at high
temperatures so making it a less attractive addition to modern,

high temperature, creep resistant alloys.

The final group of elements, called B-eutectoid
stabilizers, include Cr, Fe, Mp, Cu and H. These elements reduce
the B transus temperature through encouraging the formation of a
eutectoid (figure 7.1c). They also have very limited solubility
in the o phase. Eutectoid reactions are usually too slow for
substantial strengthening to occur in commercial alloys, however
in certain systems, usually those containing copper, the kinetics
of 8 phase decomposition by the eutectoid are sufficiently
fast to allow intermediate compound formation (e.g. TiCu,) and

improved mechanical properties result.

It is the (a+B ) alloys, like IMI 318 (Ti-6Al-4V) and
IMI 550 (Ti-4Al1-4Mo-28n-0.5S1i) and more recently the near a,
high temperature creep resistant alloys that are, at present,

the most used in the aerospace industry. Commonly used heat

treatments to further improved mechanical properties of IMI 318 and

IMI 550 are mill annealing and B-annealing techniques.
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Mill annealing provides stress relief and results in the
formation of an equiaxed primary & and transformed B micro-
structure. The primary o (ap) content in the final structure
is dictated to the Lever rule of mixtures. Offen a second
(duplex) anneal is given, causing further partagitioning of
alloying additions between the a and B phases, enriching the

B phase to give increased alloy stability during high

temperature operations.

In B-annealing, slow cooling from above the B transus
temperature causes the transformation from B to a, which form as
Widmanstatten laths. The final structure is comprised of
Wwidmanstdtten laths, delin€rated by retained B8. The latter
phase is rich in B-stabilizing elements as a result of the rapid
diffusion of these elements infront of the migrating interface.
The thickness and continuity of this phase around the a laths
is dependent on the B-stabilizer concentration and the cooling
rate. Typically it is a continuous layer, 0.2 pm thick. The
cooling rate also dictates the size, éhape and relative
orientations of the a laths. Slow cooling, particularly in
alloys with high B-transus temperatures, causes the Widmanstatten
a to form as large colonies or packets of parallel sided
platelets. Each colony appears to nucleate at a at the prior
B grain boundary. In contrast, faster cooling rates result
in microstructures consisting of small colonies or packets, with
individual, Widmanstdtten laths misorientated with respect to
each other. These are referred to as 'basketweave' structures.
Nucleation of the transformed B is independent of the g at prior

8 grain boundaries in this case.
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7.3 TEXTURE

Hexagonal close packed metals, including ¢ titanium,
exhibit some degree of anisotropy due to their crystallographic
morphologies. The control of preferred crystallographic
orientations in titanium alloys can lead to improved mechanical
properties (138, 141, 225).In the g titanium unit cell (figure
7.2), three planes are available for slip, the basal plane
(0001), the prism plane (1010) and the pyramidal plane (1011).
There is only one major slip direction, <1150>, however and
hence if deformation is to occur along the ¢-axis slip must take
place along a different direction, usually <1123> , which is
more difficult. Bowen (141) for example, found that variations
in texture in Ti-6Al1-4V bar material, caused by temperature
gradients or inhomogeneous working, tended to orientate the
basal planes normal to the rolling direction. Bowen (141)
showed that mechanical properties in this direction, the LT
direction, were significantly better than in either the ST or
L directions. There was however, a reduction the fatigue life
in the LT direction, which was attributed to the lower Poisson's
ratio in this direction, thus resulting in higher strains

normal to the stress axis.

In a later study, Bowen (226), monitoring the changes
in texture with heat treatment temperature, reported that some
of the original texture was maintained virtually up to the
8 transus temperature. At higher temperatures a complete loss

in the original texture and grain growth was observed.
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If the subsequent cooling from the heat treatment temperature
was slow enough however, the B+ a transformation that occurred
could be identical to the a*B transformation on heating and a
similar texture to the pre-heat treated material resulted. At
faster cooling rates this 'memory' effect dissappeared and new

crystallographic orientation variations appeared.

7.4 ALLOY DEVELOPMENT

The emergence of commercial (a+8) alloys in the mid
1950's came from previous develobment of both a and B alloys.
Ogden et al (227) had shown that the addition of a stabilizers
(e.g. Al) to titanium produced solid solution strengthening.
The further increase in a-stabilizer concentration however, led
to fabrication difficulties and embrittlement. The latter was
caused by ordering and a,(Ti,Al) formation (228, 229).
Furthermore, other elements apart from aluminium were found to
promote embrittlement when present in large enough quantities.
Rosenberg (230) developed an empirical formula which predicted
the maximum, combined alloying addition, in weight percent, to
avoid ordering;

Al+1/3 Sn+1/62r + 10(0 + C + N)s 9.

Concurrent research into B alloys was centred around
the premise that strengthening of the B phase could be obtained
by additions of elements such as Cr, Mn, Fe and Cu. The
formation of intermetallics, such as TiMn and TiCr,, and the w
phase however, caused embrittlement and applications of these

alloys were limited.
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With the development of (a + B) alloys, a

combination of the strengthening characteristics of both a and B
stabilisers resulted in alléys with both good strength and creep
resistance at intermediate temperatures. ' The addition of B
stabilizers also allowed substantial amounts of B to be retained
on quenching from both the (a + B) and B8 phase fields. The
introduction of Ti-2Al-2Mn (IMI 315) as a gas turbine compressor
blade material in Rolls-Royce engines in 1953, heralded the
introduction of commercial (a + B) alloys. The alloy Ti-6Al~
4v (IMI 318) was being developed at the same time in the U.S.A.
and has since become the most widely used, general purpose alloy

in the aerospace industry. (231, 232).

The need for an alloy with higher temperature
capabilities than Ti-6Al-4V (IMI 318) led to the development of
Hylite 50 by Jessop-Saville Limited (233), which was later
designated IMI 550 by IMI (234). The composition, Ti-4Al-~-4Mo-
2Sn-0.58i), comprised of aluminium and tin to strengthen the a
phase, with the tin also improving forgeability. Molybdenum
was chosen as the B-stabilizer, allowing the retention of
strength at higher temperatures than Ti-6Al1-4V and improving the
forgeability of heat treatment response. The silicon addition
was found to improve high temperature creep resistance and this
was initially attributed to the precipitation of fine silicides
(233). More recent studies (229, 235, 236) however, have
suggested that silicon stays in solid solution in o, even
though it's stability is low, and that the beneficial properties
arise from a strain ageing effect from a silicon-interstitial atom

interactions.
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Further silicon additions were found to precipitate as

silicides (TiSSis) during ageing or high temperature operation,

resulting in a reduction in creep resistance.

7.5 MICROSTRUCTURAL EVALUATION

For the two (a + B) alloys considered in this study,
Ti-6A1-4v {IMI 318) and Ti-4A1-4Mo-2Sn-0.5Si (IMI 550), a total
of seven microstructural variations were examined. The heat
treatement routes used to produce these microstructures are
described in table 7.1, along with detailed chemical compositions
of the materials. Throughout this study the various micro-
structures will be referred to by the designations shown in
table 7.2 (i.e. 318A+318E for Ti-6Al1-4V and 550A and S50B for
Ti-4Al-4M0-2Sn-0.5S1). Excluding the as-received conditions,
all heat treatments of specimens were carried out in encapsulated
silica tubes. These were evacuBated and back filled with argon,
to atmospheric pressure, prior“%ealing. This procedure g@vented
oxygen diffusion into specimen surfaces during heat treatment and

hence ensured a homogeneous microstructure for mechanical testing.

Table 7.3 contains data, for all seven microstructures,
on grain. sizes, phase proportions and mechanical properties.
The grain sizes were measured by the linear intercept method
and the phase proportions using an image analyser technique.

Mechanical property evaluation is described in Chapter 3.

Each microstructure is now described individually

and reference to figure 7.3 should be made in each case.
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(i) élgé (figure 7.3a). This was the as-received
microstructure, which had previously been mill annealed (700°C +
air cool). The microstructure consisted of a dual, ap and
transformed B structure. Table 7.3 shows that the a_grain
size was approximately 50% larger than that of the transformed
product and a higher proportion of the former morphology was
present. It was also apparent from studying this condition
that a microstructural texture was present. Although this can
not be seen in figure 7.3a, it can be clearly noted in figure

8.5d, which shows the path of a short crack through 318A.

(ii)  318B (figure 7.3b). Annealing high in the
(a + B) field (950°C) followed by a very slow furnace cool (9
hours to cool from 950°C to 20°C), produce the microstructure
shown in the figure. Primary a grains were slightly‘enlarged
compared to 318A and transformed B grains considerably smaller.
The slow cooling rate allowed more of the f phase present:at
the annealing temperature, to transform to primary a, leaving
little transformed B in the final structﬁre. The phase
surrounding the ap grains is expected to be rich in B stabilizing

elements.

(iii) 318C (figure 7.3c). A faster air cooling
from 950°C resulted in a microstructure consisting of fairly equi-
axed ap grains in a transformed B matrix. Primary o grain sizes
were of similar size to those in 318A, however the faster cooling
rate preserved large areas of transformed 8, on average 15.7 uym

in diameter.

- 163 -



(iv) 318D (figure 7.3@). Slow cooling from
above the B transus temperature produced an aligned Widmanstdtten
microstructure. The fine transformed B laths, approximately
1 pm across, form in aligned colonies and packets, about 65 pm
in size. These, in turn, are contained within prior B grains,
about 350 pym in diameter. A continuous layer of o, typically

10 pm thick exists at these prior B grain boundaries.

(v) 318E (figure 7.3f). In contrast to 318D,
a faster cooling rate from in the B phase field, resulted in
a microstructure consiting of the fine Widmanstatten a laths,
formed in a basketweave structure. Within each prior B grain,
these laths were aligned in one of three orientations with
respect to each other. Prior B grains were of identical size
to 318E (~ 350 pm), however, no colony or packet boundaries

were present,

(vi)  550A (figqure 7.3&);v The as-received Ti-4Al-
4Mo-2Sn-0.5Si plate was supplied in a fully heat treated form
(table 7.1). The o and transformed B grain structure consisted
of grainsvof approximately equal size, with a slightly higher

proportion of the latter product present (table 7.2).

(vii) 550B_ (figure 7.39). A similar heat treat-
ment to that given to 318D produced‘a comparable microstructure.
Widmanstatten o laths formed colonies and packets of similarly
aligned platelets. The average packet size of 161 pm was
considerably larger than for 318D, though prior g grain sizes

were very similar.
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ALLOY Al v Mo Sn Si fe c 0 N H Ti

IMI 318] 6.43 4.02 - - - 0.19 0.01 0.205 0.0075 0.002 REM

IMI 550} 4.13 - 3.88 2.0 0.54 0.03 0.03 0.22 0.0025 <0.006 REM

TABLE 7.1 Alloy compositions (WT%) of IMI 318 & IMI 550

(Analysis carried out by IMI Titanium)

Microstructure] Heat Treatment Heat Treatment Cooling Medium
Designation Temp. (°C) Time (Hours)
318a%* 700 Air Cool
318B 950 1 Furnace Cool
318C 950 1 Air Cool
318D 1100 1 Furnace Cool
318E 1100 1 Air Cool
550A* 200 Air Cool #
550B 1100 1 Furnace Cool
|

* Material in as received condition

# + 24 Hours at 500°C and air cool

TABLE 7.2 Material designation & heat treatments for
IMI 318 and IMI 550
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GRAIN SIZES

HARDNESS & MICRO HARDNESS

MECHANICAL PROPERTIES

=

;':;: PRIMARY o | TRANSFORMED B foo oon | peoncrbnornss]MICROHARDNESS (509 Joad)(Vin) 0.2%

&

I s e 13 0 s oy £ L

= (um) (um) (um) (um) (VHN) a B a (MPa)
318A 6.0 61 4.2 39 323 401 430 948 1011 14.6
3188 8.6 70 1.8 30 323 401 925 983 16.4
318C 5.9 30 15.7 70 319 350 394 900 1026 11.9
318D 350 65 318 429 521 976 1049 11.4
318E 350 325 403 887 1014 5.0
S50A 5.9 45 7.0 55 357 439 387 989~* 1130* 16.0*
5508 337 161 339 417

* IMI TITANIUM RELEASE DATA

TABLE 7.3

GRAIN SIZES, PHASE PROPORTIONS & MECHANICAL PROPERTIES OF MATERIALS STUDIED
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CHAPTER 8

TITANIUM ALLOYS - RESULTS

8.1 INTRODUCTION

The seven different ageing variants investigated for
the two titanium alloys, IMI 318 and IMI 550, described in
Chapter 7 can be broadly divided into two categories - those
resulting from an o + B heat treatement (318aA, 318B, 318C, 550A)
and thodse from a heat treatment above the B transus (318D, 318E,
and 550B). For the purpose of much of this chapter it is useful
to discuss the behaviour in terms of these two microstructural
groups. For the long crack behaviour however, only one micro-

structure from each category was examined.

8.2 LONG, THROUGH THICKNESS CRACK BEHAVIOUR

Results from long, through thickness fatigue crack
testing of IMI 318 in the two heat treated conditions studied
are shown in terms of da/dN vs AK curves in figure 8.1. The
two conditions were (i) 318A (recrystallisation annealed, as-
received material) and (ii) 318D (B-heat treated). Testing
of these two extreme microstructures was carried out to provide
reference data for comparison with the short crack results.
One specimen was tested for the f-annealed material (318D} and
emphasis was placed on obtaining data in the near-threshold region.
Consequently no data were collected above crack growth rates of

-5
2 x 10 mm/cycle.
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For 318A, data were reccrded through a range of growth rates
.8 b
from 10 to 10 mm/cycle from a number of tests. The data

from individual specimens showed good consistency and no

distinction is made between them on figure 8.1.

Threshold stress inté%ity values for 318A and 318D
were determined as 4.5 MPa/m and 7.5MPa,/m respectively. Crack
growth rates were significantly lower at corresponding AKs over
the range of crack growth rates studied for the coarser B heat
treated microstructure (318D). From the scanning electron
micrographs taken in the near threshold region shown in figure
8.2, a marked difference in the fracture surfaces of 318A and 318D
can be seen. For the ap + transformed B microstructure (318A)
(figure 8.2a) fatique fracture occurred on a fine scale and
consisted mainly of slip band facets through the primary a
phase and mixed, occasionally, with a stepped fracture through
the transformed B phase. Figure 8.2b shows that for 318D
f;acture occurred in an extremely coarse faceted manner through
colonies and grains of the transformed B laths. In both cases
at higher growth rates, the fracture surface became much flatter
with respect to a plane perpendicular to the stress axis. An
example for 318A is shown in figure 8.2c. Furthermore, the

appearance of striations is evident in figure 8.2c.
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8.3 SHORT FATIGUE CRACK BEHAVIOUR

8.3.1 o +f heat treated microstructures

Figures 8.3a»d indicate the short crack behaviour of
the four microstructures heat treated at temperatures below the
B transus thereby resulting in two 'phase’ ap and transformed g
morphologies. Differences between the microstructures through
changing the heat treatment temperature, include the primary a
volume fraction, the scale of the transformed B structure (plate
width and colony size) and grain sizes. In addition 550A was

of a different alloy composition.

The figures show short crack behaviour in terms of
crack growth rate vs stress intensity factor range (AK) and
crack depth (a). In all cases an a/c ratio of 1.0 was assumed
and the two crack tips of each crack were considered separately
from the initiation site. As for the aluminium alloys (Chapter
5) it is thought that such an analysis highlights short crack
behaviour. Further, data from only one crack for each micro-
structure is presented in order to maintain clarity in the
figures. At least three cracks were examined for each condition
and, while variations in the position and depth of the minima
occurred, overall propagation characteristics were very similar
in all cases, As with the results from the aluminium alloy
fatigue testing (Chapter 5) individual data points have been
connected to adjoining points. This has been done to try to
clearly illustrate the data of each test, rather than to imply
that crack growth was continuous and uninterrupted between the

points.
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Before studying the individual results in detail,
the general short fatigue crack behaviour of all the o + B
processed morphologies will be considered. For all cracks
studied initiation occurred along slip bands in primary a grains
or at ap/ap grain boundaries. Initial rapid propagation took
place along these ap slip bands until a grain boundary was
reached. Often this boundary was an ap/transformed B grain
boundary and had the effect of rapidly decelerating growth.
After a short period of incubation, growth continued in rapid
manner once again until a further grain boundary, or lath boundary
in some circumstances in transformed B grains, was encountered.
Again a discontinuity in propagation rate occurred. Such
behaviour was generally repeated until crack depths of between
100+200 pym were attained. Subsequent growth was usually
perpendicular to the stress axis and was no longer significantly
affected by the grain structure. The crack path through each
microstructure can be discerned from the fracture surfaces shown
in figure 8.4. Each micrograph was taken close to the initiation
site of the short crack. In each case, two modes of fracture can
be identified, a faceted, transgranular fracture through the ap

phase and a stepped fracture through transformed B laths or colonies.

For the as-received microstructure the short crack prop-
agation behaviour is shown in figure.8.3a. In the subsequent
results and discussion sections reference will be made to this data
for comparison with other microstructures. To facilitate this, a
transparency of figure 8.3a, with data from only one crack tip, can

be found in Appendix 1 which can be laid on top of other figures.
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Figure 8.3a reveals that up to crack depths of about
150 pm, irregular growth persists, with the most disconti&bus
growth occurring at crack depths <50 pm. The two major
inteﬁsptions in propagation (marked 1 & 2 in figure 8.3a) can
be associated with microstructural features. This is shown
clearly in figure 8.5, a set of micrographs following the
development of this crack through its 'short crack' life. The
numbers marked on figure 8.5c correspond to those on figure
8.3a and confirm that regions of transformed B are responsible
for the temporary inté@uptions in propagation behaviour, The
micrographs also give evidence of the path of crack propagation.
Where possible the crack tips attempt to follow slip bands in
the ap grains. Indeed, initiation is generally seen to occur
along a developed slip band in a grain suitably orientated with
respect to the stress axis. For this particular crack however,
initiation has taken place preferentially along an ap/ap grain
boundary. Growth continues in this manner of slip band
cracking in ap grains and discontinuous growth across ap/
transformed B grain boundaries up to crack depths in excess of
100 pm. Figure 8.5d shows that even at these crack depths the
ciack path is not perpendicular to the stress axis, but appears

to vary with the microstructural texture of the material.

Examination of the fracture surfaces near the initiation
site (figure 8.4a) shows the type of fracture previously described,
a crystallographic faceted fracture along slip bands in apand a

stepped, flat fracture through regions of transformed R.
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At higher propagation rates and greater crack depths, a much
smoother fracture surface results with fewer facets visible and

fine striations present (figure 8.6).

8.3.1.2 318B

Figure 8.3b shows a da/dN vs AK and a plot for a short
crack growing in 318B. Again two lines are illustrated depicting
the growth of each surface crack tip away from the initiation site.
Similar initiation and propagation behaviour was observed both in
this microstructure and in 318A. In all three cracks studied,
initiation occurred within an ap grain and growth was almost
exclusively confined along slip bands within ap grains. Early
growth was generally more regular than in 318A and by a crack
depth of approximately 100 pm the crack path was virtually
perpendicular to the stress axis (figure 8.7). Fracture surfaces
close to the initiation site (figure 8.4b) reinforce surface
observations of a crack path mainly confined to the ap phase.

The scanning electron micrograph reveals a fracture nearly

completely faceted in nature.

8.3.1.3 318C

The short crack growth behaviour of 318C is shown on
a da/dN AK plot in figure 8.3c. Data from just one of the four
cracks studied in this microstructure are shown. Again similar
growth characteristics are exhibited to both 318a and 318B. A
more detailed evaluation of this particular test can be made by

referring to the crack history micrographs in figure 8.8.
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For crack tip #1, figures 8,8a+c correspond to the position of
the crack tip growing vertically upwards at each of the dips in
propagation rate. The first dip, shown in figure B.8a,
occurred when the crack tip reached the end of the slip band in
which the crack initiated. The slip bands ends at an ap/
transformed B grain boundary. In the second figure (8.8b) the
crack tip has again been halted, this time at the boundary between
two individual laths in the transformed 8 grain. The third
deceleration appears to be due to the crack tip being held up
at the end of a slip band close to an ap/transformed B grain
boundary in the next ap grain. Instead of reinitiating in the
transformed B grain a number of cycles later however, the crack
found an easier propagation path further back towards the

initiation site and the original crack tip became dormant.

Figure 8.8 also shows that crack tip #2 initially
found an easier path. It was able to run through 4 up grains
before having to encounter a transformed B grain and hence the
da/dN vs AK curve (figure 8.3c) showed no major dips. The
behaviour of both the top and bottom crack tips demonstrates
that propagation through ap grains and regions of aligned
trarsformed B laths occurred rapidly and only grain boundaries
and certain lath and colony boundaries had the effect of

inté%upting growth.

The fracture surface near the initiation site (figure

8.4c) resembles those of 318A and 318B. The higher proportion

of transformed B present in this microstructure can be seen by
the increase in the amount of stepped fracture through colonies

and laths.
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8.3.1.4 550A

Figure 8.3d shows a da/dN AK and a diagram for the
two ends of a crack in the as-received IMI 550 microstructure
(550a). In addition data reported in the literature for long,
through thickness crack propagation in IMI 550 with the same
heat treatment and testing conditions is shown for comparison
(160) . As for 318A, 318B and 318C minima are observed at short
Erack depths associated with the crack tips encountering regions
of transformed 8, however, these became less marked with
increasing crack depth. It appears that the most effective
barriers are those closest to the intiation site. An optical
micrograph of the crack shown in figure 8.9a, reveals that after
230,400 cycles, when this replica was taken, the crack had a
surface crack length of 345 pm. The figures in the micrograph
indicate the position of the crack tip at various stages in
it's "short crack" life. Corresponding figures are shown on
" the da/dN vs AK plot (figure 8.3d), indicating that the minima
are associated with the crack tips encountering transformed 8

grain boundaries.

From  figure 8.9b, it is also evident that initiation
occurs from a suitably orientated slip band in a ap grain and
that early growth follows the slip band to the edge of that
grain. Once, through the first few transformed g8 grains,
when the crack depth is only approximately 50 pm, propagation
is much more uniform and the crack path is only slightly

influenced by the local microstructure.
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8.3.2 8 heat treated microstructures

——— - — - — - —— " —— " - - > " o - - —————

The da/dN vs AK and a plots for the 3 B heat treated
microstructures (318D, 318E, 550B) are presented in figure 8.10.
Heat treatments above the B transus produced a noticeable change
in short crack behaviour, however initiation was generally still
from slip bands in the & phase, though this was now positioned
along prior B grain boundaries. Crack propagation into adjoin-
ing colonies of transformed B laths was either very rapid or
slow, depending on the relative crystallographic and micro-
structural orientations of the laths. Overall, propagation
rates were approximately an order of magnitude higher than those
for the o + B heat treated microstructures at corresponding
AKs. Examination of fracture surfaces close to the initiation
sites (figure B.11) revealed strikingdifferences when compared
with those of the a + B processed microstructures (figure 8.4).°
Fracture occurred on a very coarse scale with large, flat

facets being formed on growth through colonies of a laths.

8.3.2.1 318D

The da/dN vs AK and a plot for one crack tip of a
short crack growing in the aligned, Widmanstatten 318D micro-
structure is shown in figure 8.10a. Due to the very erratic
nature of propagation only one crack tip has been described in
the figure so that a clearer view of the behaviour can be made.
The propagation characteristics shown in figure 8.10a are
typical of each crack tip of the eight cracks studied in this

microstructure.
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Two major differences to thg a + B heat treated microstructure
can be identified. Firstly, average propagation rates are
approximately an order of magnitude higher over the complete
range of crack depths studied. Secondly, there is a continued
occurrence of growth rate minima even at crack depths in excess

of 1mm when an a/c ratio of 1.0 is considered.

Examination of replicas after the completion of
testing revealed that, prior to crack initiation, deep slip
bands of cracks formed across whole packets of g laths within
the first 5% of life. Examples of such slip band cracks are
shown in figure 8.12. It appeared that the ends of these slip
band cracks were pinned at colony or packet boundaries and no
further growth occurred during the remaining 95% of the fatigue

life.

Initiation of cracks which lead to failure occurred
late in the lives of the specimens (> 90%). In all cases,
cracks appeared in slip bands within the ¢ phase at prior B
grain (PBG) boundaries (figure 8.13a). Subsequent growth into
the Widmanst;tten o appeared to be either very fast where
favourable slip band orientations were encountered, or slow or
negligible in less favourably orientated microstructure. The
resulting crack paths (figure 8.13b-e) were comprised of angled
steps produced by cracking along slip bands. Generally the
crack growth rate minima on the da/dN vs AK and a plot (figure
8.10a) corresponded to the crack tip being positioned at the

end of a slip band.
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A period of incubation then occurred while the crack tip tried
to reinitiation itself in a slip band in the adjoining colony

or packet.

Later crack growth minima, at crack depths >100 ym,
often arose in a slightly different manner. After the crack
tip appeared to have stopped it re-emerged on the surface, a
number of cycles later, away from the original crack tip and once
again proceeded to propagate at a fast rate. The point marked
"1" on figure 8.13e indicates a position where this happened.

The material between the original, dormant crack tip and the
reinitiated, growing crack tip was subsequently cracked. In
other cases, crack branching occurred behind a stationary crack
tip, as shown by position "2" in figure 8.13e. In this
particular figure, the dominant crack tip is that growing
towards the top Aqut of the micrograph. The smaller crack
growing vertically upwards was the sole crack before it branched,
however, it had been stopped at some microstructural barrier for

several thousand cycles.

Figure 8.13f shows the initiation facet produced by

growth through the intial slip band in the grain boundary a.

8.3.2.2 ° 318E

The short crack growth behaviour of one of the four
cracks studied in the basketweave Widmanstitten microstructure
(36 E) is depicted in figure 8.10b. Again, as with 318D,
relatively high propagation rates were recorded across the
range of crack depths studied, though fewer growth rate minima

were observed.
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Major decelerations occurred for one crack tip between crack
depths of about 50+100 pm, the reasons for which can been seen
with reference to figure 8.14 showing the crack in question at
stages through its life. Fiqure 8.14% reveals that the top
crack tip has branched in a similar way to that described for‘
318D. The repetition of this procedure three or four times
resulted in the minima on figure 8.10b between 50-100 pm.
Figure 8.14a shows the crack at a fairly late stage in its

life and indicates the growth perpendicular to the stress axis,
which resulted in the regular growth characteristics shown for

cracks greater than about 100 pm.

For this microstructure, instead of initiation
occurring in the g phase at PBG boundaries, as for 318D, cracks
were initiated within ¢ lath colonies. Figure 8.14c shows a
relatively short crack (total surface length = 89 pm) where
initiation seemed to have occurred close to the point marked
"1" in the figure, within a single transformed g lath. As
for 318D, initiation occurred late in the fatigue life (>90%).
Furthermore, fine slip bands developed in the first 10% of life,
reached across prior B grains where some alignment of the
Widmanstatten laths occurred. Examples are shown in figure
8.144d. In all cases, one end of the slip bands were pinned
at PBG boundaries and the other end within the basketweave,

lath structure.
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The appearance of short crack fracture surfaces
(figure 8.11b) closely resembled those of 318D with large, flat
facets produced by growth through Widmanstatten colonies.
Also included in figure 8.10b are data for long, through
thickness cracks taken from the literature for a similar micro-

structure (B quenched). (78).

8.3.2.3 550B

Figure 8.10c shows the short crack behavour of one
of the three cracks studied for the B heat treated IMI 550
microstructure in a da/dN AK and a plot. As for IMI 318, the
effect of heat treatment above the g transus was to produce a
significant deterioration in short crack propagation resistance.
Initiation and propagation behaviour closely resembled that of
318D. Again slip band cracking occurred within the first 5%
of fatique iife and gquickly stretched across packets of a laths
until being pinned at packet boundaries (figure 8.15a).
Initiation of the crack which lead to failure occurred in all
cases late in life in the g phase at PBG boundaries (figure
8.15b). Initial growth into the aligned Widmanstatten micro-
structure was rapid where favourably orientated laths were
encountered. A noticeable difference to 318D however, was in
the propagation characteristics of cracks > 50 pm in depth.
For 550B, the cracks seemed to have less difficulty in passing
through the local microstructure, leading to a slightly more

uniform propagation behaviour,
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8.4 Near-initiation site fracture surfaces of short fatigue
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8.5 Optical micrographs illustrating surface crack history of
the short fatigue crack described in figure 8.3a, for 318A.
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CHAPTER 9

TITANIUM ALLOYS - DISCUSSION

9.1 LONG, THROUGH THICKNESS FATIGUE CRACK BEHAVIOUR

The long crack propagation behaviour of 318A and 318D,
shown in figure 8.1, is similar to that commonly reported in the
literature (32, 38, 63-67), with the B heat treated microstructure
exhibiting consistently superior progagation resistance over the
o + B heat treated morphology throughout the range of AKs studied.
Furthermore, measured thresholds, 4.5 MPaym for 318A and 7.5
MPay/m for 318D, are similar to those reported by other workers.
Brown and Taylor (170) determined a value of 3.9 MPaym for mill
annealed IMI 318 (similar to 318a) (R = 0.2), Gray and Lutjering
(34) reported AK  values of about 4.9 MPay/m and 7.0 MPay/m for
a fine grained equiaxed g + B microstructure and a coarse lamellar
microstructure respectively and Chesnutt (78) obtained values of
5.9 MPaym and 6.2 MPay/m for recrystallisé;ion annealed and B~
annealed microstructures at an R - ratio of 0.3. Additional
suPstenance to the present results comes from figure 9,1, which
compares the crack growth data of 318A with reported data in the
literature for the same alloy in a similar, g + B8 heat treated
condition. Some difference between data collected by various
workers is expected, through dissimilarities in heat treatment
and testing conditions and procedures, though the correlation is

remarkedly good.
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An explanation for the contrasting propagation
characteristics of 318A and 318D has previously been presented in
terms of crack closure arguments and in particular, roughness
induced crack closure (34, 65, 66, 78). This is supported by
the present results and can be further illustrated by the
appearance of the near-threshold fracture surfaces (figure 8.2).

As the effective grain size of the B heat treated microstructure
(318D), either the colony size or the prior B grain size, is about
an order of magnitude larger than that of 318A, the relative scale
of the fatigue facets produced are similarly enlarged. Therefore,
it is expected that an increase in closure contributions from this
rougher, larger scale fracture surface would result. Although no
data have been collected in this study at higher stress ratios, other
studies have shown .that differences in near-threshold behaviour
between & +B. and B heat treated microstructures diminish as the

R - ratio increases (34, 63).

Besides enhancing the effects of crack closure, a
frougher, more irregular fracture surface can also promote crack
éropagation resistance through greater crack tip deflection and,
subsequently, by producing a longer overall fracture path. As
described in Chapter 2, the former has the effect of reducing
crack tip driving forces and the latter tends to disguise true
crack propagation rates, as the crack is forced to go along a path
which can be significantly longer than one perpendicular to the
stress axis. A study by Peters et al (79) attempted to quantify
the consequences of these processes on the fatigue behaviour of

a + B heat treated and B heat treated Ti-6A1-4V microstructures.
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From crack profile measurements they showed that the
B processed microstructure had an effective crack length 17%
longer than that measured macroscopically across the specimen,
perpendicular to the stress axis, while for the o + B heat treated
morphology, this figure was only 2% greater. Furthermore, when
the authors considered the effect over the whole of the fracture
surface area, the effective area for the coarse microstructure
was 37% greater than the planar surface area. An approximation
was also made to assess the effectiveness of crack tip deflection
using measurements of the angle of deviation from the perpendicular
to the stress axis. A reduction in the effective stress intensity
factor range (AKeff) to approximately 68% of the measured AK for
the B annealed microstructure was calculated. When these two
effects were taken into account, Peters et al demonstrated that
the crack resistance of the B-annealed microstructure worsened to
an extent that an a da/dN vs AK plot, data for both microstructures
overlapped. Although only simple calculations were performed
and no account was taken of the effects of other factors, such
as slip reversibility and crack branching, the study did highlight

the magnitude of crack deflection processes.

A number of relationships appear in the literature

which attempt to correlate AKt and grain size (d). Beevers

h
et al (46) in their crack closure model predict that the stress
intensity above which the crack can be assumed to be fully
opened (Kop) is proportional to both the asperity height (L)
and one over the square root of the distance of the asperity

from the crack tip.
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For a predominantly transgranular failure Beevers et al (46) argue

that both will be proportional to the grain size (d) and hence Kop

i 3

o d’, As AKt Kop' then AKt a d’. Masounave and Bailon (60),

n® h

through their expression analogous to the Hall-Petch equation, also

i

predict that AKth a d’, The measured AKth values of 4.5 MPa/m

and 7.5 MPa/; for 318A and 318D in this study, coupled with the
average grain size of about 5 um for 318A énd average colony size
of 65 pm for 318D, does imply that AKth and d are in some way
proportional to each other. They do not seem to be related

through the expression AKt ] di

h however, as this would predict

that an order of magnitude increase in grain size, as there is
between 318A and 318D, would result in a much larger rise in
AKth than is observed. Masounave and Bailon (60) also widened

their model to incorporate the Hall-Petch equation and postulated

that there was an inverse relationship between AKt and vield

h

strength (o ). The tensile data presented in Chapter 7

0.2%

however, shows that 00 2% for 3182 and 318D are very similar
(946 MPa and 976 MPa respectively), suggesting that such a

relationship is invalid for this material.

At higher propagation rates the curves in figure 8.1
are tending to converge, though comparison is limited by the small
range of data for 318D. The fracture surfaces at these propagation
rates are much flatter than those produced in the near-threshold
regime and crack growth is by a striation forming mechanism.
Any microstructural effects that influence growth at lower
propagation rates are less apparent in this region and overall

\

fatigue behaviocur is similar.
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It has even been reported by Chesnutt et al (65, 78) that at
these higher growth rates, the da/dN vs AK curves for o + B
and B heat treated microstructures cross over and the B
annealed microstructures exhibit worse propagation resistance
thereafter, though verification of such an observation is

not possible from the present results.

9.2 ASPECTS OF SHORT CRACK GROWTH - o + B HEAT

TREATED MICROSTRUCTURES

For all the cracks studied from the 4 o + B heat
treated microstructures (318A, 318B, 318C, and S50A) initial
growth, after crack initiation, occurred in a very rapid
manner through the first ap grain along a well developed slip
band. As Miller (127, 128) has commented, this observation
may not be unexpected when compared to long, through thickness
cracks, as growth would be unconstrained, along a favourably
orientated slip plane which offers little resistance to
propagation. A longer crack, where the crack tip encounters
many grains along its periphery, is forced to propagate via
some unfavourably orientated slip system as well, so reducing
overall growth rates. The length of the slip band in the
initiating primary o grain determines the extent of this rapid
propagation. This in turn is dependent on the ap grain size,
as an increase in the microstructural unit size will allow the

rapid growth to continue to greater crack depths.
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The first minimum on the da/dN vs AK curves (figure 8.3a-d)
should therefore occur at a crack depth approximately equal to
half the ap grain size, or about 5 pm, which can be seen to be

the case in the majority of the examples presented.

From the optical micrographs of short cracks (e.g.
figures 8.5, 8.8, 8.9) it is evident that subsequent minima on
the da/dN vs AK plots are due to the repeated interactions of
the crack tip with primary a/transformed B grain boundaries.

This type of behavour has previously been reported by Brown (138)
and Hicks and Brown (167) in a similar titanium alloy and is
analogous to the behaviour seen by others working with dual phase
microstructures in steels (128, 177, 178). In the latter cases,
cracks were seen to initiate along slip bands in the soft ferrite
phase and were subsequently decelerated or halted by regions of
hard martensite (177) or fine structured pearlite (128, 178).
According to microhardness indention measurements the transformed
B phase in the microstructure under study here is not appreciably
harder than the ap phase, though the fine nature of the trans-
formed B product may have an effect on short crack growth

behaviour.

For steels, it was concluded (128, 178) that the
pearlite, due to the fine banding of ferrite and cementite,
reduced the slip length considerably which consequently reduced
crack propagation rates. However, even though the transformed
B product in a + B processed titanium alloys is much finer than
the ap phase, it has been reported (82) that slip bands can form
across whole packets of colonies of laths whether they are
aligned or in a basketweave morphology.
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This will be considered in more detail in section 9.3. Crack
propagation rates across colonies in a B processed Ti-11 alloy
(Ti-6A1-25n-1.52r-1Mo-0.4Bi) were found to be no slower than
through o + B processed microstructures, which indicates that
unlike ferrite/pearlite steels, it is not just the fine nature
of the microstructure which controls short crack propagation
behaviour in this case. This is further supported by the
present woxk on 318C, the microstructure containing the highest
proportion of transformed B out of the four o + B processed
morphologies studied. Figure 9.2 compares the overall crack
propagation rates of 318A, 318B, 318C and 550A on a da/dN vs AK
diagram with envelopes containing data collected from all the
cracks studied for each microstructure. The diagram shows that
the average short crack propagation rate is higher for 318C than
for 318A and 318B over the whole range of AK studied. This is
despite the fact that in 318C the crack tip encounters
considerably more transformed B than in either 318A or 318B.
rThrough monitoring crack growth rates in this microstructure it
was noticeable that propagation through the fine transformed B
laths was at a comparable rate to that through the larger, equi-

axed primary O grains.

If, as was stated earlier, the propagation of short
cracks is slowed down as the crack tip approaches ap/transformed
B grain boundaries, it is plausible that the number of such

interactions will affect overall growth characteristics.
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For the three IMI 318 microstructures considered in figure 9.2,
the average number of ap/transformed B grain boundaries per 100 pm
on the specimen surface, measured perpendicular to the stress axis
in the direction of crack propagation, is 11.8, 6.7 and 4.6 for
318a, 318B and 318C respectively. Thus, over twice as many crack
tip/grain boundary interactions are encounted for 318A compared
with 318C, even though their ap grain sizes are equal. If it is
the process of reinitiation and reorientation of the crack tip
from an ap grain into a transformed B grain that is the cycle
consuming step, then the microstructure with the greater density
of such boundaries will exhibit the most beneficial short crack

propagation resistance.

Both grain size and volume fraction of the phases will
affect the number of ap/transformed B grain boundaries. To
maximise the resistance to growth the grain size of each phase
should be small and the phases equally divided throughout the
microstructure. Hence for 318B, where the structure is largely
primary o, the crack is able to take a path predominantly through
this phase, so minimising the number of ap/transformed B grain
boundaries encountered. The crack path through the ap can be
seen clearly on the scanning electron micrograph of the fatigue
fracture (figure 8.4b). This is translated onto a da/dN vs AK
plot as a 'curve' with less pronounced minima and therefore less
scatter in propagation rates (figures 8.3b) and inferior overall

propagation resistance compared to 318A (figure 9.2).
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Additionally the effect of grain size has to be
considered. There is strong evidence that for short cracks the
effect of increasing grain size is in direct contrast to that for
long, through thickness cracks (5, 73, 148, 149, 159, 166-169)
with an increase in the microstructural unit size leading to a
degradation in short crack propagation resistance. However, it
seems likely that the range of grain sizes in the four a + B heat
treated microstructures studied is not large enough for any
differences in propagation behaviour to be discernable. This
is in agreement with the view of Brown and King (171) who, in
reviewing earlier work by Brown and Taylor (170), concluded that
the difference in grain size between the two o + B heat treated
microstructure studied (4.7 pm and 11.7 pm) was not large enough
to affect significantly short crack propagation behaviour,
especially when the large degree of scatter associated with such

data was considered.

Crystallographic textufe has also been observed to
affect the short crack growth behaviour of titanium alloys (138,
X70). When basal planes in the o phase were aligned in the
direction of crack propagation an easier path to crack growth was
noted. In another study (226) it was observed that upon heat
treatment in the a + 8 phase field, the texture of a Ti-6A1-4V
alloy was partially maintained up to temperatures close to the
B transus. Consequently for the three microstructures examined
in this alloy (318A, 318B, 318C) any influence of texture may be

expected to be apparent in each case.
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A reason for the superior short crack propagation resistance of
318A particularly above crack depths of approximately 50 pm
however, might be associated with microstructural texture. It
was apparent that in 318A banding sometimes occurred on a macro-
structural scale as a result of the plate manufacture. Such
microstructural fibring is evident in figure 8.54. Subsequent
heat treatment of the plate in the o + B phase field to produce
318B and 318C resulted in more homogeneous, equiaxed micro-
structures. This change in grain size, shape and distribution
caused extensive crack tip deviation in 318A which could promote
propagation resistance by increasing the actual crack length,
through a more tortuous crack path, and by reducing the crack tip

driving forces, through crack tip deflection.

Differences in crystallographic texture between the
two alloys studied may be useful in explaining the relative short
crack propagation resistance of 318A and 550A. Texture measure-
ments made on the IMI 318 and IMI 550 as-received plate (175)
revealed that both have textures which could be described as
(1120) [10IO]. Hence the basal planes are aligned perpendicular
to the rolling plane and the plane containing the propagation
direction. The IMI 550 (550A) plate however, showed a stronger
texture than 318A. Alignment of the basal planes in such a
manner has been seen to assist propagation resistance (138, 170)
and as the stronger texture is indicative of more planes lying
in this arrangement, it may be expected that S5S50A would show a

greater propagation resistance through these means.
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Comparing the relative short crack propagation behaviour of 318a
and 550A (figure 9.2) reveals however, that 550A exhibits worse
short crack propagation resistance. It is possible that other
factors may combine to produce the observed behaviour, for example
the absence of microstructural texture in 550A and the higher
maximum stress used in the short fatigue crack testing of this
alloy. The latter factor however has not been seen to
significantly influence the short crack propagation behaviour

of the 7010 aluminium alloy (section 6.6). Finally the data
shown in figure 9.2 may be a reflection of worse inherent

fatigue crack propagation resistance of the IMI 550 alloy.

9.3 ASPECTS OF SHORT CRACK GROWTH - B ANNEALED

MICROSTRUCTURES

As with the g + B heat treated microstructures, crack
tip microstructural interactions caused major discontinuarities
in short crack propagation rates in the g annealed microstructures
(318D, 318E, and 550B). In all cases a controlling aspect was
the relative orientation of the crack tip to the local transformed
g lath structure, which, in turn changed from microstructure to
microstructure through the cooling rate from the g annealing
temperature. The faster, air cool (318E) producing a basket-
weave, Widmanstdtten lath structure, for which no packet size
could be defined, contrasted starkly with the slower, furnace
cooled microstructures (318D, 550B) containing large areas of

aligned, Widmanstdtten, transformed B colonies.
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Thus the heat treatments resulted in three microstructures of
almost equal prior B grain sizes, but with varying packet sizes,
~0, 65 and 161 pm for 318E, 3180 and 550B respectively. (table

7.3).

In the aligned Widmanstatten microstructures (318D
and 550B) propagation rates were seen to be very high in regions
where the crack tip grew across colonies along intense slip bands.
These slip bands, formed across whole colonies of gsimilarly
orientated laths ahead of the crack tip, produced fracture via
a sheor mechanism and the resulting fracture surfaces had planar
facets (figure 8.1la and c). Comparable observations have been
made by other workers (82, 85, 167-169, 173). In other areas
of the microstructure however, where less favourably orientated
laths were encountered, a more tortuocus crack path was taken and
growth rates were seen to be less uniform. This type of
behaviour is apparent in figure 8.13b just above the initiation
site. This may be due to a restriction in slip length or
because the predomimaat slip planes are lying unfavourably with

respect to the tensile axis.

Additional crack propagation retardation occurs when
the crack tip reaches colony or prior B grain (PBG) boundaries.
As slip bands can not cross the boundaries, the crack tip has to
reorientate and reinitiate itself along another slip band in the
adjoining grain. Such a process is usually cycle consuming and

leads to major reductions in propagation rates.
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The first crack tip/grain boundary encounters observed in 318D

and 550B occurred soon after initiation, as the crack tips

emerged from the PBG boundary a phase (figure 8.13a) and resulted
in the minima at crack depth <10 pym in figures 8.10a and c.
Subsequent minima usually occurred when the crack tips were close
to colony boundaries., For example in figure 8.10a the two minima
marked with asterisks around a crack depth of 50 pym are associated
with the crack tip close to the first colony boundary (as is shown
by the position of the top crack tip in.. figure 8.134). These
and further major growth rate minima were often accompanied by the
emergence of a second propagating crack tip away from a stationary
crack tip. It is evident therefore that even though the original

surface crack tip had stopped, subsurface growth was continuing.

The retardation effects of colony boundaries in
Widmanstatten microstructures has been recorded by other workers,
noticeably by Eylon (32, 85) who concluded that in order to
reduce the overall fcg rate of this type of microstructure, the
colony size should be reduced to obtain maximum benefit from this
reinitia;ion effect. This hypothasis may help to explain the
differences in the short crack propagation behaviour of 318D and
550B. Figure 9.3 shows a da/dN vs AK diagram with envelopes
containing data collected for all the cracks studied in 318D,
318E and 550B. As the purpose of the fiqure is to compare the
average propagation behaviour of the microstructures, ohly non-
zero growth rate data has been included. It can be seen that
across the range of AK examined 550B shows slightly high growth

rates than 318D.
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Apart from the differences in colony sizes other factors may
influence the growth behaviour in these two microstructures.

For example the 550B short crack fatigue testing was carried

out at a higher maximum tensile stress on the specimen top
surface (850 MPa for 550B, 750 MPa for 318D). However, for the
7010 aluminium alloy, the influence of O nax was found not be
significant in short crack propagation behaviour. It is quite
plausible that the differences in average propagation rates may
be a result of inherent material resistance to fatigue. and, as

such, would be expected.

Further dissimilarities in propagation behaviour
between.318D and 550B occur at greater crack depths, with the
absence of effective crack retarding features in the latter
microstructure (compare figures 8.10a and c). Lath and colony
boundaries were much more effective in retarding crack growth
in 318D, which may have been a consequence of more crystallo-
graphic misorientation between neighbouring colonies in this
microstructure. Interestingly a similar observation was made
for 550A when compared to 318A, wWhich suggests that it may be

due to inherent characteristics of the particular alloys.

Examination of the short fatigue crack behaviour
of the basketweave microstructure (318E) highlights a number of
constrasting aspects to those of the aligned Widmanstatten

morphologies (318D and 550B).
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The first difference, whicn can be seen by comparing the relevant
da/dN vs AK diagrams (figures 8.10a, b, c¢), is the lack of any
major discontinularity in growth rate at crack depths below

~10 pm. This can be explained by considering the initiation
process and early propagation in each microstructure.

Initiation in the aligned Widmanstdtten structures occurred in

the g phase at prior B grain boundaries, however, as such features
were absent in 318E less favourable initiation sites were found
within the transformed B laths. Hence the crack growth
retardation effects associated with the boundaries of the thin

o phase separating the prior B grains were absent.

A further difference in behaviour between the aligned
and basketweave microstructures, which can be seen in figure 9.3,
is the better overall propagation resistance of the basketweave
transformed B microstructure.. This is also supported by the
work of Hicks et al (68). In comparison to 318D this is most
noticeable between crack depths of 50+500 pm. Such an effect
has recently been reported for a near o Eitanium alloy in
similar microstructural conditions by Hastings et al (173).
It is proposed that the improved short crack fatigue behaviour
shown by 318E is due to the microstructural unit size. The
effective colony size of 318E is one lath width which becomes
the controlling microstructural dimension. Hence slip length
is severely restricted and an irregular non-crystallographic

crack path is initially favoured.
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Up to ~100 pm crack depth,-the lath morphology promoted a

crack path well away from a plane perpendicular to the stress
axis, assisting propagation resistance by increasing the ratio
of actual/measured crack depth. However, it is at crack depths
of greater than approximately 50 um that substantially better
average propagation resistance is obtained. Figure 8.10b
indicates that at these longer crack depths, growih in 318E is
almost continuous and unaffected by the local microstructure.
Examination of the path of such cracks (figure 8.14e) reveals
that after an initially tortuous rate, a path almost perpen-
dicular to the stress axis is maintained up to the end of the
test when the crack was greater than 2mm. This transition
occurs at a crack depth of approximately 100 pm. It is likely
that it marks the end of short crack behaviour and the beginning
of the long crack regime. Indeed long crack data for beta
quenched Ti-6A1-4V (78) also shown in figure 8.10b confirm that
long and short crack data merge close to this point and exhibit

excellent correlation at higher AKs.

9.4 COMPARISON OF LONG & SHORT CRACK BEHAVIOUR

In order to compare the contrasting long and short
crack propagation behaviours of the a + B and B processed micro-
structures, the relevant information has been plotted in figure
9.4. The figure shows both the long, through thickness
propagation data and the short crack data for 318a and 318D,
with the short crack results being represented by envelopes
containing all non-zero growth rate data for all cracks studied

in each microstructure.
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Clearly, as opposed to the aluminium alloys, microstructural
variables that promote long crack propagation resistance tend

to have an opposite effect on the behaviour of microstructurally
short cracks, even though the fracture surface appearance of

both regmimes are comparable (see figures 8.2a, b, 8.4a and
8.1l1la). The propagation resistance of long cracks at AKs close
to the AKth has previously been seen to depend on grain size for
these types of microstructures (34, 65, 66, 78, 103, 104, 106).
In particular, an increase in crack closure contribution,

through a combination of greater crack tip deviation and crack
bifur§cation, accompanied a change from a fine, equiaxed grained
a + B microstructure to a coarse B annealed morphology, (where
the colony or packet size is effectively the microstructural

unit size). This study has shown that similar features in crack
path are apparent in both long and short cracks and that while for
long cracks they contribute to crack closure mechanisms, they do
not for microstructurally or physically short cracks. It is
concluded that the relationships betwéen grain size, plastic zone
size and crack depth are important, as well as the fact that if a
crack is short with respect to the size of the local micro-
structure (i.e. there is a limited wake behind the crack tip),
any closure contribution to propagation resistance will be

diminished,

Although it is implied in figure 9.4 that the long
and short crack lines for 318D will merge at a AK > 15 MPaym, it
is unclear why no such correlation is not observed for the o + B

processed microstructure, 318A.
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Here, the data indicate that at AKs > 10 MPa/m short cracks will
exhibit greater propagation resistance than long cracks. This
is inspite of the fact that at these AKs, where the short crack
depth is much greater than the grain size, crack tip/micro-
structural interactions are relatively ineffective in amending
propagation and the cracks can be regarded as no longer micro-

structurally short.

I1f, as for the aluminium alloy 7010, the transition
from short to long cracks occur when the maximum plane strain
plastic zone size (rp) equals the grain size, the transitions
for 318A and 318D should occur at AKs of approximately 8.8 MPa/m
and 31 MPa/m respectively, if Irwin's calculation is used
(equation 6.2). Although it is possible that the long and short
crack lines will merge for 318D at ~31 MPa/E, such a transition
is not observed for 318A. The reasons for this cannot be
discerned from the present data. It is possible that variations
in environmental interactions between 1long and short cracks for
this heat treatment may be responsible or it could be a

consequence of the short crack testing procedure.

It is interesting to note from figure 8.10b that the
long and short crack lines merge at about 10 MPa/m for the
basketweave Widmanstatten microstructure, 318E. If the a lath
width is the controlling microstructural dimension for short
crack growth, the short to long crack transition should occur at
a MK of approximately 3.5 MPay/m, according to the arguments based

on the maximum plastic zone size, presented above.
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Clearly this is not the case. If the proposal of Taylor
(237) is considered however, whereby short crack behaviour
persists up to crack depths of approximately 10 x grain size
or 10 x plastic zone size, whichever is the larger, a closer
comparison can be made. In this case the maximum plastic
zone size (rmax) at the transition according to Irwin
(equation 6.2) is 8.2 pm. Hence 10 x riax = 82 pm which
correlates more closely with the crack depth at the transition
of approximately 100 pm. Taylor (237) however gives no

micromechanical explanation of his proposal.
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CHAPTER 10

CRACK SHAPE

10.1 THE EFFECT OF GRAIN SHAPE ON CRACK SHAPE

The pancake shaped grain structure in the aluminium
alloy 7010 allowed an evaluation of the effect of grain shape
on crack shape to be carried out on nominally identical
specimens. By turning the square cross-sectioned specimens
through 90° about their long axis an appreciably different
grain structure could be analysed. The crack direction was
transformed from the LS direction (figure 10.la, c) to the LT

direction (figure 10.1b, d) by such a rotation.

The series of experiments carried out on 7010 0Oa1l,
as described in section 3.4.2, produced data which can best be
analysed in terms of the plots of aspect ratio (a/c) vs crack
depth (a) in figures 10.2 and 10.3. "Eor the LS direction
cracks (figure 10.1c) the plot in figure 10.2 highlights the
gradual trend of decreasing a/c ratio as the crack depth
increases. Cracks initially take a semi-elliptical shape with
an a/c ratio between 1.0 and 1.2. At greater crack depths
(~2mm) a semi-circular form is apparent and finally (as
indicated in the insert in figure 10.2) there is a tendency for
semi~elliptical cracks, with a/c ~0.9, to develop at even
greater crack depths. The use of regular bursts of overload

cycles during testing produced direct evidence of this behaviour.
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Figure 10.1le, the fracture surface of such a test, shows two
'beach marks' and indicates a drop in aspect ratio from 1.28 to
1.05 with an increase in crack depth from 25 pm to 327 um.

The larger 'beach mark' also highlights the irregularities of
the crack front. Microstructural interactions with the crack
tip cause local misorientations at the periphery of the crack

even at this crack depth.

If grain boundaries are effective in inteﬂ@pting the
growth of microstructurally short cracks, the fact that the cracks
are initially semi-elliptical with a/c >1.0 may appear somewhat
surprising. From the pancake grain structure (figure 10.la) it
might be expected that growth into the bulk of the specimen
would be disrupted to a greater extent than growth at the
specimen surface, where the distance between grain boundaries is
considerably larger. These high a/c ratios may be caused by the
shapes of the initiating inclusion defects or the surface plane
Stress conditions, the effects of which could be still apparent

at crack depths of a few hundred pm.

The tendency for the aspect ratio to fall to below
1.0 ét crack depths greater than approximately 2 mm cannot be
attributed to the effects of microstructure, rather it is a
consequence of the crack depth relative to the size of the
specimen. Similar behaviour has been reported by Smith (238)
for a 2219-T87 aluminium alloy, who showed a decrease in aspect

ratio as the crack depth tended towards the specimen thickness.
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This effect can also be predicted if it is assumed that the

crack growth is controlled by the stress intensity factor.

Figure 10.4 compares the relationships between AK and crack
dimension for two stress intensity solutions, one for the deepest
point of the crack (Shah and Kobyashi, 201 ~203) and the other
for a crack at the specimen surface (Pickard 239). At short
crack depths (<0.5 pm} the solutions predict that the K's driving
crack growth at the surface and midpoint are almost the same,
however, as the crack depth increases the solution for the deepest
point of a crack (201-203) reaches a maximum of ~18MPa/ﬁ) and
then falls off, due to the fact that the loading is inbending,
while Pickard's surface crack solution (239) increases in a near
linear fashion for the surface regions. Hence, for crgcks
greater than about 0.5 »am faster growth would be predicted at

the specimen surface and a semi-elliptical crack shape with a/c

<1.0 would result.

The data presented in figure 10.2 bears some
resemblance to the statistical simulatiéns recently reported by
Cox and Morris (182) as shown in figure 2.28. For their 7075-T6
alloy, which had a similar grain size to 7010 OAl, they predicted
a/c ratios slightly above 1.0 for some cracks between 50+100 um
and thereafter a fairly constant semi-elliptical crack shape
(a/c ~0.8). A major difference between this model and the data
for 7010 OAl is apparent for cracks with a depth 5 50 pm.

This can be explained by the mode of initiation.
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For 7010 OAl initiation was.generally seen to occur at defects
or inclusions, while for the simulations of Cox and Morris,
initiation was modelled to occur from persistent slip bands

forming long, thin microcracks with a/c <0.05.

When the specimen orientation is rotated through 90°
so that cracks now grow in the LT direction, a change in the
crack shape is also observed. Figure 10.3 shows data for the
LT direction cracks. In comparison to figure 10.2 for the LS
direction cracks, little difference in a/c ratios is apparent
for cracks deeper than about 0.5 um. For shorter cracks however,
significantly higher aspect ratios are observed. An example of
such a crack is shown in figure 10.1f (a/c ratio = 1.50). These
cbservations are consistent with arguments based on the retarding
effects of grain boundaries, hence the development of short crack
shapes which reflect the grain morphology. The higher frequency
of grain boundary interactions at the specimen surface compared
to the direction into the specimen will restrict growth on the
surface. This effect should continue to be apparent, if the
driving forces at the surface and into the material bulk are the
same, until the local microstructure no longer influences
propagation. Thereafter, the shape of LS and LT direction
cracks will become more similar once the effect of the initially

higher a/c ratio of the LT direction cracks has disappeared.
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The effect of specimen orientation on surface
crack growth rates has already been analysed in Section 6.5
(figure 5.10). It was shown that if a semi-circular crack
shape is assumed (i.e. a/c = 1.0) crack growth rates in the LT
orientated specimens (figure 10.1d) were consistently faster
than in the LS orientation (figure 10.lc) for the range of
crack depths studied. Unless the surface crack growth rate is
significantly influenced by the propagation characteristics at
the bottom of the crack, these observations seem slightly
confusing at first sight. If grain boundaries are effective
in retarding short crack propagation, better crack growth
resistance would be expected for the LT direction cracks at the
specimen: surface, due to the higher density of boundaries.
In considering only surface crack observations however, the
effect of crack shape is ignored. Short cracks in LS and LT
orientated specimens with identical surface crack lengths may
have significantly different crack depths and a simple
comparison in terms of surface crack growth rates may be
unrealistic. A more appropriate parameter than crack depth
may be crack area, thereby including the effects of crack shape.
Figure 10.5 shows a plot of the rate of increase in crack area
vs crack area for both the LS and LT orientated cracks depicted
in figure 5.10. As can be seen, the curves are shifted so
that they now almost lie on top of each other. This suggests
that crack area may be a better parameter than surface crack
length, if data from different shaped cracks needs to be

correlated.
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10.2 THE EFFECT OF GRAIN SIZE ON CRACK SHAPE

Figure 10.6 shows the a/c vs crack depth (a)
relationships for the range of microstructures examined in the
IMI 318 and IMI 550 titanium alloys. By dividing the micro-
structures into two groups, that is the g + B heat treated
(318A, 318B, 318C 550A) and B heat treated (318D, 318E, 550B)
microstructures, the effect of grain size on crack shape can be
assessed. Although there are differences in grain size within
each group, these are relatively small in comparison to the order
of magnitude difference in microstructural unit size between the
groups. The grain size of individual microstructures is shown

in Table 7.3

For the dual phase, g/transformed g microstructures
(318a, 318B, 318C, 550A) a/c ratios generally fall between 0.8
and 1.0 over the range of crack depths studied (~0.lmm to ~3.2mm).
Similar observations were made for the Widmanstdtten micro-
structures (318D, 318E, 550B) at crack depths greater than
approximately 0.75mm. Below this crack depth however, aspect
ratios were seen to vary by a greater extent, with values of a/c
ratio scattered between 0.75 and 2.50. Figure 10.7 shows the
fracture surface of a crack in 550B which is 570 pym deep and has
a aspect ratio of 2.5. From the initiation site marked at the
top of the figure, growth can be seen to have occurred along a

single slip plane almost through an entire grain.
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It is thought that one reason why the differences in crack

shape are apparent between the two sets of microstructure, is

the size of the crack relative to the grain size. For the

crack depicted in figure 10.77 the crack depth is only approximately
4x Widmanstdtten colony size and 2x the prior B grain size and
hence can still be considered microstructurally short. For the
o + B heat treated morphologies a corresponding short crack, 4x
size of the controlling microstructure, would only be about 40 pm
deep which is below the minimum crack depth examined in this
study. It is expected that cracks of this depth would show a
larger range in aspect ratio, as microstructural observations
suggest that growth is confined to slip bands within the a and
transformed B phases, in a similar mode to that in the

Widmanstatten morphologies. {Chapter 9).

Support for the conclusions of this study come from
the work of Tokaji et al (172) who carried out similar testing
on a steel with two different prior austenite grain sizes.
Conversely, the work of Wagner et al (181) on a Ti-8.6 Al alloy
which exhibited planar slip, suggested tha£ grain size had less
effect on crack shape and that aspect ratios were consistently
less than 1.0 for both fine and coarse grained material. Their
observations were dominated by the faster propagation along the
specimen surface compared to the rate into the bulk, which they
attributed to free surface effects, No such behaviour is
reported in the present study, however a more detailed examination
of crack of depth less than approximately 4x grain size would be

useful in establishing a more comprehensive understanding of

crack shape effects.
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It is clear that for microstructurally short cracks
an analysis based on surface crack observations may lead to
errors in crack growth rate calculations. This effect will be
particularly significant in cases where the controlling
microstructural unit size is large. It is therefore important
that crack shape determinations are carried out for individual
microstructures and testing conditions before data is used in

any comparative manner.
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(c)

(d)

TOSH. (a) (b) Optical micrographs of microstructure experienced

by crack front in 7010 OAl, LS and LT direction cracks.
(c) (d) schematic illustration of crack shape is LS and LT
direction cracks, (e) (f) optical micrographs of crack
shape in LS and LT direction cracks. (a) (c) and (e)
represent LS direction cracks, (b) (d) and (f) represent

LT direction cracks.
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initiation site

1H8)e 7/ Electron micrograph of fracture surface of short crack

in 550B showing high aspect ratio.



CONCLUSIONS

Microstructurally short fatigue cracks (cracks shorter
than approximately ten times the size of the controlling
microstructure) grow at substantially faster rates than

long, through thickness cracks at the same apparent

applied AK and R = 0.1.

-

The non-continuum growth characteristics of these cracks
when their depths are of the same magnitude as the
material grain size, can be attributed to crack tip:
local microstructure interactions. In particular, grain
boundaries are seen to be effective in halting or de-

celerating growth.

The end of the microstructurally short fatigue crack
regime can often be correlated with the maximum plastic
zone size ahead of the crack tip reaching the size of the

controlling microstructural dimensions.

Differences in propagation behaviodr between long and

short cracks at higher AKs can be attributed to

variations in closure contributions, ('physically short
cracks') to the suitability of the stress intensity
solutions used in the study and to the effects of

specimen thickness, However, even though the conditions
for the use of LEFM are violated, in describing short crack
growth, it remains a useful parameter in modelling average
growth behaviour of such cracks down to very short crack
depths.
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For the two high strength aluminium alloys studied, an
increase in the degree of ageing leads to a degradation

in short fatigue crack resistance. Similar behaviour is
commonly observed for long, through thickness cracks in
these alloys. For the 7010 alloy, short crack growth
rates at R = 0.1 are bounded by the long crack data
measured at high R - ratio, over the range of crack length
and AK it has been possible to obtain in these tests, but
lie above the long crack growth rates at R = 0.1.
Furthermore, long and short cracks at low AK for both
underaged and overaged microstructures produce similar
faceted fracture surfaces, indicating that the same crack
propagation mechanism is operative despite the differences

in propagation rate.

The limited data collected for microstructurally short
cracks subjected to different maximum stress levels suggest
that they have little influence on short crack propagation
behaviour when analysed in terms of AK. For such cracks
growing at different load ratios however, an increase in

R -~ ratio lead to an enhancement in propagation rates

suggesting that crack closure may still be important for

these cracks.
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Data collected for the titanium alloys studied shows
that, in contrast to conventional, long through
thickness crack behaviour, an increase in grain size
leads to a degreodation in short fatigue crack
resistance. Thése observations indicate that the
influence of closure mechanisms are diminished when

the crack depth is of the same order of magnitude as

the microstructural unit size.

For the "dual phase" a + B heat treated microstructures,
short crack growth resistance is enhanced with the
increased density of primary a: transformed B grain
boundaries which have the effect of disfupting uniform
growth and deflecting the crack'tip. A short fatigue
crack resistant alloy would, therefore, require a fine
grain size containing equal proportions of primary a
and transformed B phases. An equiaxed and distinct

primary o grain structure would also benefit initiation

resistance.

The propagation resistance of B heat treated micro-
structures is dependent on the Widmansteatten packet

and colony size, which appears to control slip

length.
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10.

11.

As grain boundaries cdn reduce local crack propagation
rates they can also affect crack shape. The extent of
this effect depends on both grain size and shape,
however, as the replication technique used to monitor
crack advance can only detect surface crack growth, crack
shape development needs to be established by additional

testing.

When comparing crack growth data for microstructures

with different morphologies a better measure may be crack
area rather than surface crack length, hence the influence
of crack shape on driving forces can be accommodated.

For longer cracks, which can no longer be described as
microstructurally short, crack shapes tend towards the
semi-elliptical shape (a/c = 0.8+1.0) predicted by

stress intensity solutions for bars in bending.
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FURTHER WORK

As assessment of the fatigue crack propagation resistance
of more heavily overaged and less aged aluminium alloy
microstructures, with identical 0.2% proof stresses, will
exaggerate the ageing effects discussed in this study.
This, coupled with an extensive transmission electron
microscope evaluation of material close to the crack tip
would provide details of the deformation mechanisms

operating.

As differences in closure contributions at low growth
rates have been proposed as being one of the major
reasons why short cracks grow at faster rates than
predicted by LEFM, operation of short crack testing at
high R - ratios (up to 0.8) would be useful. Such
testing would be difficult to achieve from naturally
initiating cracks on a smooth specimen surface and
alternative techniques would need to be de;eloped.

For example, a crack could be initiated at low R - ratio
and the specimen re-heat treated, to relieve residual
stresses, prior to continuation of cycling at a higher

R - ratio.
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A more comprehensive assessment of the effects of grain
size on short crack propagation resistance of B~ heat
treated, Widmanstdtten titanium microstructures could
be made. By increasing the heat treatment time or
temperature to promote B grain growth, microstructures

with grain sizes ranging from a few hundred micrometres

to several millimeters could be produced.

Controlled experiments need to be carried out to examine

the effects of crystallographic texture on short crack

propagation.

The collection of further crack shape data, specifically
for cracks with depths approximating to the material
grain size, will allow statistically based crack shape

models to be verified.
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APPENDIX 1

The figure in this appendix is a plot of da/dN vs
AK and crack depth (a) for a surface crack tip growing in 318A.
The figure can be folded out and placed over other similar plots

in Chapter 8 for comparative purposes.
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